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ABSTRACT OF THE DISSERTATION

Extreme Response in Tension and Compression of Tantalum

by

Tane Perry Remington
Doctor of Philosophy in Engineering Sciences (Mechanical Engineering)
University of California, San Diego, 2015
Professor Marc Meyers, Chair

This research on a model bcc metal, tantalum, has three components: the study
of tensile failure; defects generated under a nanoindenter; and dislocation velocities in
an extreme regime generated by pulsed lasers.
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The processes of dynamic failure by spalling were established in nano, poly, and
mono crystalline tantalum in recovery experiments following laser compression and
release. The process of spall was characterized by different techniques: optical
microscopy, scanning electron microscopy, microcomputerized tomography and
electron backscatter diffraction. Additionally, the pull back signal was measured by
VISAR and the pressure decay was compared with HYADES simulations. There are
clear differences in the microscopic fracture mechanisms, dictated by the grain sizes. In
the nano and poly crystals, spalling occurred by ductile fracture favoring grain
boundaries. In the monocrystals, grain boundaries are absent, and the process was of
ductile failure by void initiation, growth and coalescence. The spall strength of single
crystalline tantalum was higher than the poly and nano crystals. It was experimentally
confirmed that spall strength in tantalum increases with strain rate.
In order to generate dislocations close to the surface, single crystalline tantalum
with orientations (100), (110) and (111) was nanoindented with a Berkovich tip. Atomic
force microscopy showed pile-ups of dislocations around the perimeter of the
nanoindentations. Sections of nanoindentations were focused ion beam cut into
transmission electron microscope foils. The mechanisms of deformation under a
nanoindentation in tantalum were identified and quantified. Molecular dynamics
simulations were conducted and the simulated plastic deformation proceeds by the
formation of nanotwins, which rapidly evolve into shear dislocation loops. Dislocation
densities under the indenter were estimated experimentally (~1.2 x 1015 m-2), by MD
(~7 x1015 m-2) and through an analytical calculation (2.6–19 x1015 m-2). Considering
the assumptions and simplifications, this agreement is considered satisfactory. These
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indented crystals were subjected to shock compression and the results are being
analyzed with the objective of establishing the velocities of dislocations.
A novel technique to establish dislocation velocities is being tested. It consists
of subjecting tantalum containing a matrix of nanoindentations to shock compression
for post shock characterization enabling the determination of mean dislocation
displacements.

!

xxv

Introduction
Tantalum is an important bcc metal and is well suited for fundamental
investigations because it does not undergo phase transitions upon heating, is very
ductile, and has a high melting temperature. Thus, it is being widely used as a model
bcc metal. The principal objective of this investigation is to obtain quantitative
fundamental information on this metal. This research was preceded by a broad study
focusing on the shock response of nanocrystalline and monocrystalline Ta by Lu et al.
[1-3]. There are important aspects of plastic deformation that remain to be resolved,
which determined the focus of this investigation. The two principal components of the
research are:
a.! Dynamic tensile failure: Studying spall strength in metals at extreme conditions
(high temperatures, pressures and strain rates) is of high importance for both military
and materials science applications. Armor worn by military personnel or used part of
military operations is extensively studied to prevent spall of the materials. Laser
diagnostics and optics are very delicate and expensive to replace, thus any spall of
materials within the laser chamber from ongoing experiments must be carefully
evaluated.
b.! Dislocation Dynamics: The objective of this contribution is to provide a
combined computational–experimental–analytical study leading to a quantitative
knowledge of the mechanisms of plastic deformation under the indenter for a model
bcc metal, tantalum. I first describe experimental and computational methods, then
present loading curves and AFM images of the indented surfaces. I present simulated
loading and unloading curves, describing in detail the formation of prismatic loops
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during loading by a new “lasso” mechanism and present a dislocation-based model for
that loop formation. Finally, I present simulated pile-ups for different surface
orientations and show dislocation densities from experiments, an analytical model and
MD simulations.

Chapter 1 Background
Tantalum is a chemical element with atomic number 73, abbreviated Ta. It was
discovered by Andrew Gustaf Ekeberg in 1802 and recognized as a distinct element by
Heinrich Rose in 1844. It cannot be found by itself in nature, unlike gold or silver. It
must be extracted from the minerals tantalite, columbite or coltan. Tantalum is always
found with Niobium. When there is more Ta than Nb the mineral is called tantalite, and
when there is more Nb than Ta the mineral is called columbite [4]. In the international
market, tantalite contains a minimum of 30% Ta2O5 and lower grade tantalite contains
a minimum of 20% Ta2O5. Columbite contains a minimum of 50% Nb2O5. Tantalum
and niobium minerals often contain elevated levels of uranium and thorium, which are
both radioactive naturally occurring elements. Thus before handling and transport, the
materials must be analyzed by the producer for any traces of Th or U. Out of all the
minerals, tantalite is mined the most to extract Ta. The main technique employed to
separate Ta from Nb is gravitational separation. Mining locations include Brazil, China,
DR Congo, Russia, Rwanda, Australia, Burundi, France, Malaysia, Mozambique,
Namibia, Nigeria, Thailand and Zimbabwe [5].
1.1 Properties of Tantalum
Tantalum has a dark blue-gray hue when left to oxidize but is a grey-silver color
in its pure, polished form, Figure 1.1. It is lustrous, heavy, hard, ductile and oxidizes
easily. It has high heat and electric conductivity. It is also very resistant to chemical
attack. It is so immune to corrosion by acids that only hydrofluoric (HF) or acids
containing fluoride ions and sulfur trioxide can be used to dissolve the metal [4].
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Figure 1.1 Bulk Ta is a grey-silver color but if oxidized turns a dark blue-gray hue [4].

Tantalum can exist in two different crystalline phases, the alpha and beta. When
Ta is in the alpha phase it is body-centered cubic (bcc), ductile, and soft. Most bulk Ta
is bcc. The beta phase is reached at high temperatures where Ta transitions from a bcc
to a tetragonal structure. In the beta phase Ta is characterized as hard, brittle and
metastable. Thin film Ta can be made in the beta phase through sputter coating,
chemical vapor deposition or electromechanical deposition [6]. The major properties of
Ta are listed in Table 1.1.
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Table 1.1 General properties of tantalum [4, 7]
General Properties
Name, Symbol, Number
Element Category
Group, Period, Block
Standard Atomic Weight
Electron Configuration

Tantalum, Ta, 73
Transition metal
5, 6, d
180.94788
4f145d36s2
Physical Properties

Phase
Density (near r.t.)
Melting Point
Boiling Point
Heat of Fusion
Heat of Vaporization
Specific Heat Capacity

Solid
16.69 g·cm-3
3290 K, 3017 ºC
5731 K, 5458 °C
36.57 kJ·mol-1
753 kJ·mol-1
25.36 J·mol-1·K-1 (25 °C)
Atomic Properties

Oxidation States
Ionization Energies
Atomic Radius
Covalent Radius
Crystal Structure
Electrical Resistivity
Thermal Conductivity
Thermal Expansion
Speed of Sound
Young’s Modulus
Shear Modulus
Bulk Modulus
Poisson Ratio
Mohs Hardness
Vickers Hardness
Brinell Hardness

5, 4, 3, 2, -1
1 : 761 kJ·mol-1 2nd: 1500 kJ·mol-1
146 pm
170±8 pm
Miscellanea
α-Ta: body-centered cubic
β-Ta: tetragonal
131 nΩ·m (20 °C)
57.5 W·m-1·K-1
6.3 µm·m-1·K-1 (25 °C)
3400 m·s-1 (20 °C)
186 GPa
69 GPa
200 GPa
0.34
6.5
873 MPa
800 MPa
st

Currently in today’s research, tantalum is used in experiments as an ideal bcc
metal given its favorable parameters of withstanding high pressures and temperatures
without undergoing phase transformations. Table 1.2 summarizes the basic mechanical
properties of popular metals used in experiments.
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Table 1.2 Mechanical properties of important metals listed in the periodic table [4]
Element

Structure

Beryllium
Aluminum
Titanium
Vanadium
Chromium
Iron
Nickel
Copper
Germanium
Niobium
Molybdenum
Silver

HCP
FCC
HCP
BCC
BCC
BCC, FCC
FCC
FCC
diamond cubic
BCC
BCC
FCC
tetragonal,
diamond cubic
BCC,
tetragonal
BCC
FCC
FCC
FCC
rhombohedral
orthorhombic
monoclinic

Tin
Tantalum
Tungsten
Platinum
Gold
Lead
Bismuth
Uranium
Plutonium

Young’s
Modulus
(GPa)
287
70
116
128
279
211
200
110-128
103
105
329
83

Shear Modulus
(GPa)

Bulk Modulus
(GPa)

132
26
44
47
115
82
76
48
41
38
126
30

130
76
110
160
160
170
180
140
75
170
230
100

50

18

58

186

69

200

411
168
79
16
32
208
96

161
61
27
5.6
12
111
43

310
230
180
46
31
100

The coordination number for tantalum is 8. The packing factor, volume of atoms
in a unit cell per the total volume of a cell, is 0.68. Bcc metals do not allow atoms to
pack as closely together in a unit cell as the fcc or hcp atomic structures. Bcc metals are
for the most part harder and less malleable than metals with close-packed structures.
This is due to the fact that bcc metals do not have a true close-packed plane unlike the
fcc structure, thus slip occurs in the plane with the highest atomic density. Therefore, to
activate the slip system in a bcc metal heat is required. Bcc metals have a total of 48 slip
systems, compared to fcc metals with a total of 12 slip systems. There are six slip planes
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of {110} each with two <111> directions (12 systems), twenty-four slip planes of {123}
each with one <111> direction, and twelve slip planes of {112} each with one <111>
direction [8]. During deformation the atoms will slip over each other where the slip in
bcc crystals occur along the plane of shortest Burgers vector (shear stress/energy
required is the lowest).
1.2 Applications
The major use of Ta is in electronic components such as Ta capacitors and
resistors. Tantalum is then used in its powder form [9]. It is widely used in filaments of
light bulbs, rectifiers, surgical instruments, chemical equipment, furnaces and the
makings of skull plates [7].
Theoretically, tantalum could be used as a “salting” material for nuclear
weapons. By incorporating Ta into the nuclear weapon, the long-term impact from the
detonation would be increased since Ta would add increased radioactivity to the
impacted area making it uninhabitable for months. It should be noted, however, that this
has never been tested nor has it been confirmed to be a salting material [10].
Along with tantalum there are six other bcc metal elements, Table 1.3. Tungsten
(bcc) and rhenium (hcp) are the only metals in the periodic table with higher melting
points than tantalum. The high threshold of withstanding melting and phase
transformation makes tantalum an ideal metal to study as a model bcc metal for all other
metals.
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Table 1.3 Properties of important bcc metals [4, 11-16]
Element

Density (g/cm3)

Vanadium
Chromium
Iron
Niobium
Molybdenum
Tantalum
Tungsten

6.0
7.19
7.874
8.57
10.28
16.69
19.25

Speed of Sound
(m/s)
4560
5940
5120
3480
5400
3400
4620

Melting Point (°C)
1910
1907
1538
2477
2623
3017
3422

1.3 Laser Facilities
Worldwide there are many state of the art laser facilities to choose from when
designing a laser experiment. However, given budget constraints, proposal acceptance
probabilities and travel fund limits, the laser facilities chosen for specific experiments
are based more on practical reasons more so than finding the perfect fit. Solely within
the United States there are great options for students to use laser facilities for their
experimental work. The National Ignition Facility (NIF) at the Lawrence Livermore
National Laboratory (LLNL) is currently transforming from a purely government-only
to student user-friendly laser facility. The Jupiter Laser Facility (JLF) at LLNL currently
offers two lasers, Janus and Titan, open to academic institutions. And the Omega laser
facility part of the Laboratory for Laser Energetics (LLE) at the University of Rochester,
NY is incredibly accessible to international and academic users.
1.3.1 National Ignition Facility
The National Ignition Facility (NIF) at the Lawrence Livermore National
Laboratory (LLNL) in Livermore, California is the largest and highest-energy laser
facility in the world. Spanning three football field lengths, Fig. 1.2, NIF has 40,000
optics that guide, reflect and amplify 192 laser beams to a single point with the
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capability of reaching 1.85 megajoules of energy during a span of only a couple of
picoseconds, Figure 1.3a. This translates to pressures and temperatures that exist only
in stars, inside huge planets and nuclear weapons. With such an incredible capability,
NIF is paving the way to research advancing national security, inertial fusion energy,
and disciplines including astrophysics, materials science, particle physics and neutron
science. The construction of NIF began in 1997 and was estimated to be completed
within seven years. Due to managerial complications, NIF became operational in March
2009, five years behind schedule and four times over its original budget. However,
immediately by June 2009 the first laser target experiments were performed successfully
and NIF has been operational ever since [17].
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a)

c)

b)

Figure 1.2 The Lawrence Livermore National Laboratory, California holds the largest
laser in the world, NIF: a) an image of NIF seen from within the lab; b) an aerial view
photograph of NIF with 3 football field schematics superimposed; and c) a schematic
of the interior laser bay design of NIF [17].
As shown in Fig. 1.3, NIF's 192 laser beams travel a long path, about 1,500
meters, from their birth at the master oscillator to the center of the target chamber. As
the beams move through NIF's amplifiers, their energy increases exponentially. From
beginning to end, the beams' total energy grows from one-billionth of a joule to four
million joules, a factor of more than a quadrillion and it all happens in about five
millionths of a second.
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a)

b)

Figure 1.3 a) NIF has a total of 192 laser beams spanning three football fields long with
the laser bay split by the utility spine into two identical clusters of 47 beamlines [18];
b) The laser chamber shown from the bottom view with the target positioner inserted
[19].
The master oscillator generates a very small, low-energy laser pulse. The pulse
may range from 100 trillionths to 25 billionths of a second long, and has a specific
temporal shape as requested by experimenters. The low-energy pulse is split and carried
on optical fibers to 48 preamplifier modules for initial amplification and beam
conditioning. In the preamplifiers the energy is increased by a factor of ten billion to a
few joules. The 48 beams from the 48 preamplifiers are then split into four beams each
for injection into the 192 main laser amplifier beamlines.
Each beam zooms through two systems of large glass amplifiers, first through
the power amplifier and then into the main amplifier. In the main amplifier, a special
optical switch called a plasma electrode Pockels cell (PEPC) traps the light, forcing it
to travel back and forth, four times through eleven sets of laser amplifier glass slabs
before it can exit the main amplifier cavity. Without this optical switch, the NIF main
laser building would have to be about 750 feet longer to achieve the same amplification.
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From the main amplifier, the beam makes a final pass through the power

amplifier before speeding into the target chamber. As the pulse's energy is being
amplified, a special deformable mirror and other devices ensure that the beams are of
high quality, uniformity and smoothness.
The laser beam hits a deformable mirror, goes through an amplifier and a
polarizer (from red to blue light), back through a few more deformable mirrors (which
are correcting for aberrations in the laser beam), again through an amplifier and finally
emitted in the chamber as a refined perfect laser beam [20].
NIF is operational twenty-four hours a day, seven days a week. Given the
continuous availability, NIF is perpetually in use, firing 1 to 2 laser shots a day.
However, the availability is strictly constricted to researchers within the national
laboratory. Potentially in the future there are hopes to widen the NIF user group to
include academic institutions as well. This transition is slowly taking shape within the
NIF user community.
1.3.2 Jupiter Laser Facility
a)

b)

Figure 1.4 a) Damien Swift working with Suzanne Ali at the Janus facility setting up
for a laser experiment; b) photo of the Janus user facility [21].
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The Jupiter Laser Facility (JLF) is part of the Life Sciences Directorate at LLNL

consisting of 5 laser facilities: Titan, Janus, Callisto, Europa and COMET. The mission
of JLF is to promote collaborations with university institutions, engage young scientists
with aspirations of becoming NIF users, and support inter-lab research in HED science.
Janus has been operational since 2005 and is a kilojoule-class Nd-glass laser
system. Janus has an east and west beam, each capable of producing 1 to 10 nanosecond
pulses with energies ranging from 20-500 joules with a wavelength of 1053 nm
(infrared), as of 2014, listed in Table 1.4 [21].
Table 1.4 Properties of the Janus laser facility when it was first operational [21]
Wavelength
Pulse
Energy
Best Focus / Phase Plates
Repetition Rate

East Beam
1053 nm
0.35-20 ns
< 1 kJ
20 µm / 200-100 µm
2 per hour

West Beam
527 nm
0.35-20 ns
< 500 J
20 µm / 200-100 µm
2 per hour

1.3.3 Omega Laser Facility
OMEGA is a high-energy laser facility at the Laboratory for Laser Energetics
(LLE) at the University of Rochester, New York. In 1970 LLE was founded by Dr.
Moshe Lubin and together with Kodak they built Delta, a 4 beam laser system [22].
More and more laser beams were added as the years progressed and by 1995 the laser
system had increased to a total of 60 laser beams now known as OMEGA, Figure 1.5.
In 2008 the OMEGA extended performance (EP) system was opened, fashioned similar
to NIF, this four laser system gave OMEGA the capability of firing short pulsed shots.
OMEGA is jointly funded by the United States Department of Energy, University of
Rochester and state of New York [22].
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a)

b)

c)

Figure 1.5 The Omega laser facility at Rochester University, NY with 60 laser beams
[22].
1.4 Spall Behavior
Spall behavior in tantalum is of interest for a wide range of applications
including ballistic penetration, dynamic fragmentation in hypervelocity particle target
interactions, optical and diagnostic equipment hazards in laser chambers. Previous
research by the U.S. Army Research Laboratory (ARL) has studied spall in several
different metals, in order to provide protection from ‘behind-armor debris’ [23]. There
has been extensive study of spall strength and its mechanism of failure in fcc metals.
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However, spall studies in bcc metals have just recently within the past 4 years gained
momentum. The following sections will introduce spall, its mechanisms for failure
within a metal, the numeric derivation of spall strength and the different methods for
achieving spall in a metal.
1.4.1 Incipient Spall and Void Growth
When a shock wave travels through a specimen and reaches the free rear surface
of the sample, rarefactions waves are formed. The interaction of the rarefaction waves
can generate tensile stresses within the sample. If the tensile pulse exceeds the critical
threshold stress of the sample, the material undergoes failure, known as spall. As
depicted in Fig. 1.6, spall can occur in ductile and brittle materials. Spall due to brittle
failure can occur through trans or inter granular cleavage. Spall caused by ductile failure
in the material can occur through trans and inter granular failure, necking or shear
localization. The mechanism of spall failure can easily be identified in a SEM as shown
in Figure 1.6 (b-d). Brittle fracture is clearly identified by sharp cracks on the surface
of the sample, Fig. 1.6b, whereas ductile failure is easily identified by its dimple like
structures, Fig. 1.6c, or shear markings, Fig. 1.6d. The study of the nucleation and
growth of voids in ductile metals will be explored comprehensively in this section.
When a compressive shock wave is introduced into the material, the interaction
of the rarefaction waves can lead to tension within the sample. If the magnitude of the
tensile pulse locally exceeds a critical threshold stress, voids or cracks may nucleate at
the spall plane. If the voids grow but do not coalesce leading to material separating from
the spall plane, this is referred to as incipient spall [24]. Figure 1.7 shows a metal sample
before and after compressive shock, where a spall bubble, incipient spall, is formed from
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the spall plane projecting out from the free rear surface, schematically shown in Figure
1.8b.
a)

b)

c)

100 µm

d)

2 µm

Figure 1.6 Spall can occur by brittle or ductile failure in the material: a) schematic of
brittle and ductile failure mechanisms; b) SEM of brittle fracture due to cracking in the
specimen; c) SEM of ductile failure due to void nucleation, growth and coalescence;
and d) SEM of shear localization in a sample from ductile failure during spall [25, 26].
Fracture mechanisms for bcc metals show a ductile to brittle transition that is
temperature dependent. At high temperatures, the yield strength is lowered, and fracture
becomes more ductile in nature. Conversely, at low temperatures the yield strength
becomes higher and the fractures becomes more brittle characteristically. As
temperature increases, atoms in the material vibrate with increasing frequency and
amplitude. As the atoms begin to vibrate more and more, their bonds with each other
will start to break and form new bonds with other atoms (meaning these atoms begin to
slip). The slip of atoms is plastic deformation. As temperate decreases, atom vibration
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decreases thus atoms will not slip to new locations in the material. When stress becomes
high, atoms just break their bonds. The decrease in slip causes little plastic deformation
before fracture.
Ductile to brittle transition in bcc metals is also dependent on dislocation
density. If dislocation density is too large in the bcc crystal, it becomes difficult for them
to move because they all pile up into each other. A material that has high dislocation
density will not be able to deform plastically and will fail brittle.
Lastly, the ductile to brittle transition is grain size dependent in bcc metals. The
smaller the grain size, fracture becomes more brittle. This is due to the fact that in
smaller grains, dislocations have less space to move before they hit a grain boundary.
When dislocations cannot move very far away before fracture, then plastic deformation
decreases, and the mode of failure becomes brittle.
Crack propagation in a material is of importance to understand modes of failure
in a metal. In ductile materials, a crack advances slowly in the material and has large
enough dislocation generation at the crack tip causing plastic deformation in front of the
crack to halt its evolution (unless a large stress is applied). In brittle materials, a crack
advances quickly in a material with little dislocation generation to pile-up and stop crack
expansion at the tip, and the material separates. Macroscopically this can be observed
under a scanning electron microscope (SEM). When a material undergoes extreme
ductile failure, necking can be observed in the sample. Moderate ductile failure gives a
material a rough surface, such as a dimple effect.
At low temperatures and high strain rates, bcc metals become brittle in nature.
In contrast, at low temperatures, fcc metals remain ductile. At room temperature, plastic
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deformation of metals is driven by dislocation motion. Depending on the stress required
to move a dislocation in the metal, it will fail either by ductile or brittle mode (whichever
process requires the least amount of stress). The stress required to move a dislocation
through the lattice of the metal depends on the atomic bonding, crystal structure, and
the inherent obstacles (such as grain boundaries and other dislocations). In fcc metals,
the flow stress to move a dislocation is temperature independent, thus fcc metals can
remain ductile at low temperatures. In bcc metals, the slow stress (force required to
move a dislocation) is strongly temperature dependent. The temperature sensitivity of
the yield stress for bcc metals is attributed to the Peierls-Nabarro force and the presence
of interstitial impurities.
At the atomic scale of plasticity, the mechanism of void growth is due to
dislocation emission from the surface of the void. For a two-dimensional configuration
it has been shown analytically that the stress imposed by the laser shock is adequate for
dislocation emission from the void surface. It has been found that the critical stress
required to emit dislocations decreases with increasing void size, thus less stress is
necessary is produce dislocations from larger voids. Void growth in a material is a nonhomogeneous plastic deformation. The plastic strain decreases with increasing distance
from the void center. Plastic deformation occurs within the area adjoining the concept
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a)

b)

Figure 1.7 Spall bubble formed on the backside of the material: a) sample before
compressive shock; and b) sample showing incipient spall at the back of the free rear
surface after shock [28].
of the generation of geometrically necessary dislocations introduced by Ashby can be
used [27].
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Figure 1.8 Potential stages of spall in a material depending on the laser intensity: a)
voids nucleate and grow in the sample; b) the voids coalesce and grow into a spall
bubble near the rear surface; c) the spall bubble bursts creating material to be pulled off
the back of the sample; and d) the material completely separates [29].
1.4.2 Grady and Kipp Theoretical Spall Strength Derivation

Figure 1.9 Demonstrates the relationship between energy, pressure and volume in a
material. The cohesive energy and maximum tension (theoretical spall strength) are
properties of the material [30].
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Deriving the theoretical spall strength:
The analytical representation of the cold compression-tension curve shown in Fig. 1.9
based on the Morse potential is as follows,
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The theoretical spall strength, Pth , is determined by the minimum of the P (υ ) curve in
Fig. 1.9 [30],
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1.4.3 The Acoustic Approximation of Spall Strength
Spall strength is calculated from experimental data using the measured time
dependence on the rear surface velocity. Figure 1.10 shows the particle velocity versus
time profile for an ideal rear surface undergoing spall. At point 1 the arrival of the fist
shock wave from laser irradiation is felt at the back of the sample. Point 2 is the peak of
that first shock wave. At the arrival of the shock wave at the rear surface of the sample,
a rarefaction wave returns into the sample. This accelerates the rear surface of the
sample to approximately double the velocity of the particles trailing the shock front,
point 3 [31]. The material is then subject to tension thus decelerating the rear surface.
At point 4, spall is occurring within the material at the spall plane leading to a second
shock wave, which arrives at the rear surface and accelerates it once again, point 5.
Shock and rarefactions waves travel between the spall plane and rear surface with
decreasing amplitude, accelerating and decelerating the rear surface alternately, known
as reverberations. The final velocity of the free rear surface is subsequently the average
of the maximum and first minimum velocities in the profile, points 3 and 5, respectively
[32].
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FIG. 3. An ideal rear surface velocity profile in time upon spalling.

Figure 1.10 The depiction of the ideal particle velocity measurement at the rear surface
of a metal upon spalling [33].

magnitude larger than the foil’s thickness, resulting in a oneFIG. 4. The rear surfac
dimensional
geometry ofthe
theshock
waves
withinarethe
In the
acoustic approximation
andpropagating
rarefaction waves
considered
interference pattern dis
target.

weak so that their velocities are equal to the sound velocity. Thus, point 4 is simply the

PRESSURE
CALCULATION
average ofIII.
the THE
times SPALL
of the rear
surface velocity
maximum (point 3) and first minimum P ~ h,t ! 5 f 1

The spall strength was determined from the measured

S

h
c

(point 5). The spall plane’s special location is the distance the waves travel during where
that c is the spee
time dependence of the rear surface velocity. An ideal rear

Using the bou
and the momentu
Fig. 3. Point 1 is the arrival of the first shock wave to the rear
for the p
By surface.
integrating
the 2equations
of motion
the interaction
betweenequation
the
Point
is the peak
of thedescribing
shock wave.
Upon arrival
rear surface veloci
of the shock wave to the rear surface a rarefaction wave

time [33]. surface velocity profile in time upon spalling is plotted in

shock and returns
rarefaction
the time accelerating
dependence ofthe
the rear
pressure
insidetothe
to wave,
the material,
surface
ap-target can

r0
P ~ h,t ! 52
proximately double the velocity of the particles behind the
2
be calculated. The conservation
of momentum equation (in Lagrangian coordinates) is
shock front11 ~point 3!. The material is carried into tension
The data analy
describe byand the rear surface is decelerated. At point 4 spalling occurs
in Fig. 2 is shown
within the material leading to a second shock wave which
mental data, i.e., t
∂u arrives
1 ∂P at the rear surface and starts accelerating it at point 5.
+
=0,
(1)
time. The minimu
∂t Shock
ρ0 ∂hand rarefaction waves move between the rear surface
grangian coordinat
and the spall plane with a decreasing amplitude accelerating
responding to the g
and decelerating the rear surface alternately ~reverberations!.
the spall position. T
The final velocity of the rear surface is approximately the
plotted in Fig. 6. I
average of the maximum and the first minimum of the rear
2
surface velocity ~time points 3 and 5, respectively!.
In the acoustic approximation the shock and rarefaction
waves are considered weak so that their velocities are equal

!

25

where h is the Lagrangian coordinate, h =

!ρ$
∫ #" ρ &%dx , u is the particle velocity, P is the
o
0
x

pressure and ρ 0 is the initial density of the material.
The acoustic approximation allows a general solution of the wave equation
describing two waves traveling in opposite directions

!h $
!h $
P ( h, t ) = f1 # + t & + f2 # − t & ,
"c %
"c %

(2)

where c is the speed of sound.
Using the boundary condition P=0 at the rear surface and the conservation of
momentum equation, an equation for the pressure in the target as a function of the rear
surface velocity measured at two different times is obtained,
P ( h, t ) = −

ρ0 c ( " h % ( " h %++
*u fs $ + t ' − *u fs $ − + t '-- .
2 ) # c & ) # c &,,

(3)

In the acoustic approximation the time and space coordinates of the spall plane
are given by (see Fig. 1.10)
1
tspall = ⋅ (t (umax ) + t (umin )),
2
,
1
hspall = ⋅ c ⋅ (t (umax ) − t (umin ))
2

(4)

where umax is the peak velocity (point 3 in Fig. 1.10), and umin is the first minimum
(point 5 in Fig. 1.10) in the rear surface velocity profile.
Substituting Eq. (4) into Eq. (3) the conventional acoustic approximation of
spall strength is derived
1
Pspall = − ρ0 c (umax − umin ).
2

(5)
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Applying the acoustic approximation again gives the strain rate roughly as

ε =

(umax − umin ) ⋅
Δt

1
.
2c

(6)

1.4.4 Experimental Techniques
In order to experimentally simulate spall in metals a number of experimental
techniques can be employed. This includes sample assembly design as well as the
experimental method. The following section will touch of the two most prominent
techniques used in past and current spall experiments.
Several methods have been developed to study materials at high pressures,
temperatures and strain rates. Some of the most widely known are the flyer plate,
explosive, gas gun and laser methods. The flyer plate method accelerates the metal onto
the sample creating a shock wave through both, Fig. 1.11, and where the rarefactions
meet a spall plane is potentially created [34, 35]. Explosively detonated flyer plates
force the two metals together bonding them, also known as explosive welding. This
method is used for experiments that are interested in studying how fast fragments are
released by explosives. The explosive method itself is very straightforward and is used
to study the direct crystallographic defects from an explosion. The gas gun configuration
uses highly compressed hydrogen to accelerate projectiles at velocities more than 7.5
km/s (16,800 mi/h). These velocities simulate impacts of particles on spacecraft and
satellite materials and components [36].
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Figure 1.11 Spall can be created in a material by using the flyer plate method: a) the
impactor hits the surface of the sample, b) creating a shock wave traveling back through
the flyer plate and through the sample to its free rear surface. The rarefaction waves
meet inside the sample and if strong enough create a spall plane [37]; c) a flyer plate
hitting an aluminum bulk sample. The propagation of the shock
wave3 through time in
Fig.
the flyer plate and sample can be seen by the arrows in d) and e) [38].
Laser compression is widely used to induce spall in metals because of its short
time scales to reach higher strain rates within a material. Spall is created in a very similar
manner to that of the flyer plate method. A laser beam irradiates the surface creating
high temperatures and a pressure plasma layer in the sample. The expanding plasma

The first system is based on a nanosecond laser for cause when the target is accelerated ~or decelerated! the
ing the shock wave and a 1.5-W continuous wave argon
re shifted. The interference pattern is imaged by a
laser for the diagnostic system. For this system, we used
al lens to a set of bright points on the entrance slit
!
targets with good reflectance—aluminum,28
copper, zinc, and
k camera. The interference pattern is analyzed with
tin. The strain rate here was in the range of 10 7 s#1. To check
e processing system, including a cooled chargedinduces
a shock
When that
the rarefactions
from the shock
thesample.
assumption
material dislocations
were reducing the
device camera, a frame
grabber,
and wave
a PC.to the rear of the
spall strength, we used a material that has no dislocations—
iagnostic technique provides an accurate, continuwave
meet,
a
spall
plane
is
created
and
the spall strength
enough, material
the ifamorphous
alloy is
Felarge
surement of the surface velocity, which has the
80B11S9 . Because this material has
very low reflectivity we had to design a diagnostic source
e of not interfering with
the motion of the shocked
will pull off the back of the free rear surface of the sample [39]. The schematic in Fig.
that supplies much more light so that we can follow the
he spall strength, the strain rate, and the pressure
history of
the rear
velocity.
This awas the second
ferred from the profile1.12a
of the
velocity
in time. The
shows
the expanding
plasma inducing
a shock
wavesurface
in the sample,
creating
system. This diagnostic system supplies 300 W compared to
history of the moving rear surface, u~t !, was deterwave upon its
reflection at1.5
theW
back
surface,
Fig. 1.12b.
in free
the first
system.
om the displacementrarefaction
of the interference
pattern.
a)

b)

Fig. 2. Laser-induced damage: ~a! Shock wave creation. ~b! Spall creation.

Figure 1.12 Spall can be created in a material using a short pulsed laser beam: a) the
laser beam hits the surface of the sample creating a plasma at the surface sending a
shock wave through the sample; b) the rarefaction waves meet inside the sample and if
strong enough create a spall plan in the sample [39].
Flyer plates have been conventionally used in the past in experiments studying
spall strength with strain rates lower than 105 s-1. Laser compression has made it possible
to study spall strengths in materials with strain rates higher than 106 s-1, Fig. 1.13 [40].
The short time scale permitted in using the laser technique is what allows the study of
extreme strain rate conditions in metals. The next section will go more into depth as to
how increasing strain rate increases spall strength in metals.
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Figure 1.13 Jarmakani et al. plot showing strain rates achieved through lasers are higher
than that of gas-guns [40].
1.4.5 Spall Strength Dependence on Strain Rate
Spall strength is influenced by its loading history [41]. Thus an experiment can
be configured to obtain almost any desired spall strength value. In 1986, Ek and Asay
surmised that spall strength was indeed dependent on strain rate. Figure 1.14 shows
increasing spall strength with increasing strain rate in aluminum alloys [42].
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Figure 1.14 Spall strength increases with increasing strain rate in aluminum alloys [42].
In 2000 Moshe et al showed for pure aluminum, Fig. 1.15, and copper, Fig. 1.16,
the spall strength
increased
rate [43].
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FIG. 5. Spall strength as a function of the strain rate in copper.

e strain rate in aluminum.

Figure 1.16 Spall strength as a function of strain rate for copper showing increase
(Moshe et al. [43]).
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the opposite trend where spall strength increases with increasing grain size [24].
Experiments implemented by Meyers et al. have shown that monocrystalline vanadium
has a higher spall strength than polycrystalline vanadium [25, 46]. Experimental work
has not performed on nanocrystalline vanadium for comparison of spall strength.
Experiments by Moshe et al in 2000 showed different spall strengths for different grain
sizes in tantalum,
Figure 1.18. Single crystals exhibited the highest RAZORENOV
spall strengths [43].et al.
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microstructures due to the standard preparation techniques, EBSD offers a significant
substitution for specific analysis requirements [48]. In particular, there are several
important microstructural parameters, such as grain orientations and boundary
character, that can only be imaged using an EBSD and not available in other
conventional techniques [47].
Another advantage of EBSD over other conventional techniques is the recently
available automated software that enables a user with little knowledge of the system to
obtain very useful metallographic data. The main components of an EBSD include the
pole piece from the SEM shooting a line of electrons onto a tilted bulk polycrystalline
metal sample. This induces a diffraction patter to scatter off the surface which is imaged
onto a phosphor screen. A CCD camera saves the Kikuchi band patterns and the
automated EBSD software converts the data into an image representation for the user,
Fig. 1.20 [47].
a)

b)

Figure 1.20 a) Schematic showing a typical EBSD setup; and b) the geometry showing
the pole piece of the SEM, electron beam hitting the tilted sample and the phosphor
screen acquiring the diffraction pattern [47, 48].
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Specifically, EBSD patterns are generated from the stationary beam of high

energy electrons from a volume of crystalline materials approximately 20 nm deep into
the metal multiplied by the area of the incident beam. The diffraction patterns generated
from EBSD are a regular arrangement of parallel bands, Fig. 1.21a, rather than
diffraction spots from a TEM foil of a single crystal. The intersections of the prominent
intense Kikuchi bands form distinct zone axes. Figure 1.21b shows a schematic of how
these Kikuchi bands are formed on the phosphor screen. The stationary electron beam
penetrates the surface of the polycrystalline metal. The two diffracting cones are the
edges of the Kikuchi bands and the plane in the middle of the two cones is the geometric
projection of the diffracting plane, shown in Figure 1.21b [48].

a)

b)

Figure 1.21 Kikuchi bands of a polycrystalline metal: a) backscatter Kikuchi band on a
phosphor screen; and b) schematic of an electron beam hitting a crystalline sample
diffracting onto a phosphor screen creating bands of intense lines called [48].
The tilt of the specimen for EBSD has to be between 60°-70° relative to the
incident beam, Figure 1.22, creating an approximately elliptical beam area. This was
determined to be the best angle orientation for examining the microstructure using
backscatter electrons [47].

!

37

Figure 1.22 Specimen orientation to the incident beam is between 60°-70° for best
imagining of the microstructure [47].
Figure 1.23 shows a typical representation of the information obtained from an
EBSD scan on a polycrystalline metal. Fig 1.23a shows an orientation map of grains
where each individual grain is represented in Euler contrast and the high angle
boundaries are represented in black. Fig 1.23b shows individual grains that make up the
main texture components of the scan, which are represented in color as red, blue and
green. Figure 1.23c gives the grain boundary map of the scan where the high angle grain
boundaries shown in black again (>15°) and low angles shown in gray. Figure 1.23d,e
show the grain size and boundary misorientation distribution measured by linear
intercept. Currently EBSD is limited to grain sizes larger than several tens of nanometers
in diameter and several millimeters in area of characterization [47].
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Figure 1.23 Typical microstructural results from a single EBSD scan on a
polycrystalline metal specimen: a) an orientation map where grains are shown in Euler
contrast and high angle boundaries are shown in black; b) grains of the main texture
components colored red, blue and green; c) grain boundary map with high angle grain
boundaries shown in black (>15°) and low angles shown in gray; d) grain size
distribution measured by linear intercept; and e) boundary misorientation distribution
measured by linear intercept [47].
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1.6 Nanoindentation
The origins of hardness testing can be traced back to the 19th century [49-51].
This simple method to evaluate the strength of metals has been immensely successful,
principally because of its simplicity and quasi-non-destructive nature. The number
obtained, the “hardness”, represents the resistance of the material to penetration, a
reasonable measure of compressive strength under lateral confinement. Portable units to
measure the hardness are available, and hardness measurement is also very useful as a
research tool, providing a ranking of materials. The plastic deformation under the
indenter is highly heterogeneous, and attempts to correlate the numbers obtained with
fundamental materials parameters often fall short [52]. Nevertheless, the simple Tabor
[53] relationship between yield stress and hardness (σy = H/3) is often used, in spite of
its limitations.
Nanoindentation testing has gained global acceptance as a tool to probe the
mechanical properties of materials at the micrometer and sub-micrometer scale and
the continuous load–penetration curve provides the elastic modulus and hardness
through the widely used Oliver–Pharr analysis [54].
In parallel with plasticity analysis of the plastic deformation under an indenter
[55-57], molecular dynamics (MD) simulations are becoming quite realistic and
capture, albeit at a much smaller spatial scale and much larger indentation velocities,
the features of the plastic deformation processes occurring under the indenter. There
is a large number of studies carrying simulations for face centered cubic (fcc) metals,
due to the large number of experiments for such metals, but also due to the availability
of empirical potentials for fcc metals, which behave reasonably well at large strains. Zhu
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et al. [58], Li et al. [59] and van Vliet et al. [60] performed MD and finite element
calculations for fcc metals and showed that stacking fault loops nucleated under the
indenter, not at the surface but below it. Although there are several dislocation
nucleation criteria [58], a simple criterion based on a threshold shear stress is often
used. Indeed, the region of maximum shear stress under an indenter is below the
surface. The Hertz lines of maximum shear stress in the compression of a flat surface
by a cylindrical or spherical indenter show this clearly [26]. Zhong and Zhu [61]
showed that nucleation, gliding and interaction of Shockley partial dislocations in fcc
structures were involved in the early plastic stages of indentation, and recently detailed
dislocation analysis was also carried out by Begau et al. [62] and Engles et al. [63].
Scanning tunneling microscopy and atomic force microscopy (AFM) in ultrahigh
vacuum have also been used to characterize indentation in gold (fcc structure) [64].
There are many related studies on Au nanoindentation [65]. Elastic and plastic
indentations were identified both in the residual impression images and by features in
their force–displacement curves such as the sink-in depth, pop-ins and hysteresis energy
but there are still many open questions [66].
Fang et al. [67] performed MD calculations for aluminum and reported partial
dislocations emanating from the indentation site, with stacking faults on {111} planes.
Tsuru et al. [68] also investigated the behavior of aluminum, using both atomistic and
microscopic models. In general, it is often found that the necessary critical resolved
shear stresses for dislocation nucleation is higher than the theoretical shear strength
because of the compressive stress state underneath the indenter, with load–displacement
curves showing both elastic and pop-in displacements. Begau et al. [62] performed
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simulations for copper, allowing the dislocations to move larger distances from the
indentation region, and observed leading and trailing partial dislocations and stacking
faults between them in configurations fairly similar to the ones observed by
Traiviratana et al. [69] in the growth of voids in copper. Ziegenhain et al. [70]
investigated the effect of crystal anisotropy (in Cu and Al) on the generation of partial
and perfect dislocations and observed emission of prismatic loops below the indenter.
In one of the first MD simulations for indentation of body-centered cubic
metals, tungsten was investigated using a Finnis–Sinclair potential with ~850,000
atoms, [111] and [110] surfaces, and a tip diameter of 10 nm [71]; penetration
depths were limited due to the relatively small sample size, but allowed the observation
of the earlier stages of plastic activity, often including emission of prismatic loops.
Kumar et al. [72] recently simulated Fe, pure and with impurities, using ~1 million
atoms, a 4 nm diameter indenter and velocity of 100 nm ps-1, showing that slip occurs
in {110}, {1 12} and {123} planes, as expected from bcc crystal symmetry.
Alcalá et al. [73] described dislocation structures under nanoindentations in
tantalum crystals using the potential by Li et al. [74], and presented experimental
loading curves for [001], [011] and [111] surfaces. They found that (indent
depth)/(indenter diameter) ~0.2 gave a reasonable value for the first pop-in event in
both simulations and experiments. They reported the generation of stacking faults and
twins directly under the indenter as well as dislocation loops; twin nucleation and
interaction as well as annihilation produced these loops. Their load–penetration curves
showed a marked elastic–plastic transition in line with their experimental
measurements for [100], [110] and [111], which exhibited an elasto-plastic pop-in
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corresponding to the emission of the first dislocations. The leading edges of the loops
were of edge character and the trailing parts were screw dislocations. Twin
annihilation was attributed to reduction of stacking fault energy for twin layers
thinner than four atomic layers and found to be enhanced at higher temperatures and
decreased loading rates. Sectional views showed the progressive development of
dislocation loops and their interactions.
It should be mentioned that most indentation studies are either computational or
experimental. The investigations conducted by Alcalá et al. [73], Lodes et al. [75] and
Sadrabadi et al. [75] on CaF2 are rare exceptions. Since this crystal is amenable to etch
pitting, Lodes et al. [75] were able to quantitatively estimate dislocation densities under
the indenter and compare them with MD predictions. The molecular dynamics
predictions essentially confirmed earlier experimental results [76]: dislocation density
decreased with penetration depth consistently with a decrease in hardness due to
increasing load.
Given the rising interest in nanotechnology there is an increasing need to test the
mechanical properties of materials. Traditional indentation tests of macro and micro size
allowed for an indenter with a known mechanical property to penetrate a material with
unknown properties to obtain the hardness. However these tests are limited because the
large indentation areas and tips do not have good spatial resolution and measurements
are hard to specify accurately. However, since the mid-1970’s, nanoindentation tests
have been done on small volumes of materials to define the Young’s modulus, hardness,
stiffness, elastic modulus, strain-rate sensitivity and activation volume properties of
these materials. With techniques such as the scanning electron microscope (SEM) and
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atomic force microscopy (AFM), indentation depth, area and pile-ups (due to volume
displacement) can be measured to calculate the material’s mechanical properties.
There are several different types of nanoindentor tips that can be used to reach
particular outcomes. These include the Vickers, Berkovich, Cube-Corner, Spherical and
Cone.
1.6.1 Vickers Tip
The Vickers tip is shown schematically, Fig. 1.24a, and its imprint on the surface
of a sample is shown in a SEM image in Figure 1.24b.
a)
b)

Figure 1.24 a) Schematic of Vickers nanoindenter tip geometry; b) SEM image of
Vickers tip nanoindented aluminum [77, 78].
The Vickers tip is used to for instrumented indentation testing (IIT) to measure
mechanical properties on the nanoscale. The Vickers has four-sided pyramid geometry.
Applications most suitable for a Vickers tip indentation include bulk materials, films
and foils, scratch testing and wear testing [79].
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1.6.2 Berkovich Tip
The Berkovich tip is one of the most widely used nanoindentation tips. Figure
1.25a shows the geometry of the Berkovich tip and Figure 1.25b shows its imprint on
the surface of a sample. The difference between the Vickers tip and the Berkovich tip
can clearly be seen.
a)
b)

Figure 1.25 a) SEM image of the geometry of the Berkovich tip; and b) imprint of the
Berkovich tip on the surface of a sample [80, 81].
The Berkovich tip is a three-sided pyramid that can be ground to a point and
thereby maintain a self-similar geometry to very small scales. This three-sided geometry
is in most cases preferred to the Vickers tip (four-sided pyramid). The Berkovich tip is
ideal for almost any testing purposes on the nanoscale. It is durable, not easily damaged
and can be easily manufactured. It can induce plasticity at very small loads, which in
turn produces a meaningful measure of hardness. The geometry of this tip is comprised
of one large angle of 142.3°. The purpose of this large angle is to minimize the influence
of friction upon impact with a sample surface. There are many suitable applications for
a Berkovich tip, some of them including bulk materials, thin film, polymers, scratch
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testing, wear testing, in-situ imaging, and micro-electromechanical systems (MEMS)
[79].
1.6.3 Other Nanoindentation Tips
The Cube-Corner, Spherical and Cone tip are shown in Figures 1.26, 1.27 and
1.28, respectively. The Cube-Corner indenter tip is a three-sided pyramid with
perpendicular faces arranged in geometry like the corner of a cube. The centerline-toface angle is 34.3°, compared to the Berkovich tip, which is 65.3°. The sharpness of the
Cub-Corner indenter tip produces much higher stresses and strains in the area of contact
with the sample surface. This is useful for applications interested in producing
nanoscale, well defined cracks around harness impressions in brittle materials. These
cracks can be used to estimate fracture toughness in the materials at the nanoscale.
Applications for the Cube-Corner indenter tip include thin films, scratch testing, fracture
toughness, wear testing, MEMS and in-situ imaging [79].

a)

Cube-Corner

b) The Cube-Corner indenter tip is a threesided pyramid with mutually perpendicular
faces arranged in a geometry like the
corner of a cube. The centerline-to-face
angle for this indenter is 34.3° whereas
for the Berkovich indenter it is 65.3°. The
sharpness of the cube corner produces
much higher stresses and strains in the
area of the contact. This is useful in
producing very small, well-defined cracks
around hardness impressions in brittle
materials. These cracks can be used to
estimate fracture toughness at very
small scales.
The Cube-Corner indenter tip is available
as a traceable standard.
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Figure 1.26 a) Schematic of the Cube-Corner nanoindenter tip geometry; b) SEM image deformation. As t
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The Spherical indenter tip differs a lot from the Vickers or Berkovich tips. The

Spherical tip initially only produce elastic deformation with small contract stresses. As
the Spherical indenter tip comes into contact with the surface of a sample, a transition
from elastic to plastic deformation occurs. This can theoretically be used to examine the
yielding and work hardening. The manufacturing of the Spherical indenter tip is difficult
and obtaining high quality spheres at the micron scale made from hard, rigid materials
has proven to be very challenging. For this reason alone Berkovich tips have been the
indenter tip of choice for most small scale testing. Spherical indenter tips are mostly
used only for MEMS application testing [79].
a)

b)

Figure 1.27 a) Schematic of a Spherical nanoindenter tip geometry; b) SEM image of
an indentation from a Spherical tip [83, 84].
The Cone indenter tip has a sharp, symmetrical geometry. It is its symmetry that
makes it a very attractive choice when choosing a tip for a nanoindentation test because
the simplicity of the geometry makes it a great option for modeling purposes, Fig. 1.28.
Many models for IIT are based on the conical indenter tip. Another reason for its
popularity of choice is because the complications associated with stress concentrations
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at the sharp edges of the indenter are absent. Although the conical indenter seems to be
the natural choice for indentation tests it is seldom used. This is due to the fact that it is
difficult to manufacture conical diamonds with sharp tips at such small scales. The
recommended applications of the Cone indenter tip include scratch testing, wear testing,
in-situ imaging and MEMS [79].
a)

b)

Figure 1.28 a) Schematic of the Conical nanoindenter tip geometry; b) TEM image of
an indentation from a Conical tip [84].

1.6.4 Mechanical Properties Measured in Nanoindentation
Hardness is a measure of a material’s resistance to surface penetration by an
indenter with an applied force to it. It is a characteristic of a material, not a fundamental
property. Hardness is determined by measuring the permanent depth of the indentation.
When a fixed load is applied from the nanoindenter onto the material, the size of the
resulting indentation is telling of the material’s hardness. The smaller the indentation,
the harder the material. Indentation hardness value is obtained by measuring the depth
or area of the nanoindentation.

1.7 Dislocation Dynamics
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The existence of dislocations was postulated in 1934. Until this time, elastic

deformation was thought to be the displacement of atoms from their initial positions by
an external force, where Hooke’s law was applicable in all situations. However,
experimental results showed values quite different than the calculations for maximum
strength in shear,

G
. Thus another method was postulated to account for this
2π

difference, one accounting for imperfections in solids. In 1905, Volterra developed the
concept of a dislocation, however, this was solely a mathematical construct [85]. In
1934, Orowan [86], Taylor [87] and Polanyi [88] all simultaneously postulated the
existence of a dislocation. Following this potential discovery, Cottrell [89], Friedel [90],
Nabarro [91], Seitz [92], and Reed [93] proposed other forms of imperfections in solids
by means of plastic deformation. From then till now, plastic deformation in solids has
been a lively source of debate and conversation [87, 94-95]. In the extreme regime of
pressure and temperature, dislocation velocities are being tested to their limits.
1.7.1 Dislocation Density Models
Dislocation generation in shock compression of metals is of high interest. There
are many models describing the physics occurring at the shock front, where the metal
rapidly deforms plastically [46]. The most prominent include the Smith interface [96],
which was later modified by Weertman et al. [96], the Orowan dislocation
multiplication theory implemented by Johnson et al. [97], homogeneous dislocation
generation calculated by Meyers et al. [98], and staking-fault multiplication proposed
and studied by Zaretsky [99].
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Deformation mechanisms in metals have been extensively studied for strain

rates below 106 s-1. However, deformation mechanisms in the extreme regime, deemed
>106 s-1, are only recently being explored where conventional deformation mechanisms
are no longer applicable. Figure 1.29 shows the Weertman-Ashby plot of temperature
vs. strain rate where the conventional (known) and extreme (unknown) deformation rate
fields are marked.

Fig 1.29 Weertman-Ashby map of the unknown deformation regime for laser induced
shocked materials [94].
An additional complexity is added to extreme condition experiments by studying
nanocrystalline metals, where the mechanism of plastic deformation is significantly
different than that of poly or monocrystalline metals [46].
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1.7.2 Dislocation Motion
Knowledge of dislocation density is important since it directly affects the
mechanical properties of the material. The dislocation generation, formation, traveling
and interaction can be roughly split into two mechanisms: homogenous generation and
dislocation multiplication. The analysis developed by Meyers et al. [ 1 0 0 ] and based
on the homogeneous dislocation generation behind the shock front [101] is applied
in this section. It yields quantitative predictions of dislocation densities that are
compared with experimental results obtained here and reported by Hsiung [102-104]
and Gray and Vecchio [105]. Figure 1.30 shows a schematic of the shock front
propagating down a bcc crystal with orientation [101]. Two configurations are shown;

Figure 1.30 Schematic representation of shear loops nucleating on (a){110} and (b)
{211} planes in shock compression [106].
{110} and {112} slip planes [40]. In Figure 1.23a, four of the six {110} planes have
equal Schmid factors and are shown as sides of the pyramid. Dislocation loops
nucleated on these planes are shown. Their Burgers vectors are <111> and are parallel
to the slip plane intersections. For the {112} slip planes, the Burgers vectors bisect
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the intersections. The calculations below use the recently revised equations [107] for
homogeneous nucleation.
1.7.2.1 Homogeneous Dislocation Generation
Meyers et al. [107] in 1979 predicted dislocation densities based on a
homogeneous nucleation model and compared their analysis with results from different
investigations. Dating back to 1958, Smith was the first to publish work on dislocation
mechanisms induced by a laser driven shock [108]. Shortly after, Hornbogen added to
Smith’s work on edge dislocations by considering screw and edge components forming
loops [109]. The concept of homogeneous dislocation nucleation by Meyers et al.
followed. He proposed that dislocations are homogenously generated at the shock front
and move by loop expansion to accommodate the deviatic stresses in the lattice [98].
This mechanism was later improved and its predictions were critically compared with
computational and experimental (transmission electron microscopy) results. In the
improved version [106, 107], consecutive layers of dislocation loops are nucleated and
remain behind the shock front, relaxing deviatoric stresses, moving either towards or
away from the front at different velocities.
Two cases are considered: moving and stationary dislocations. For stationary
dislocations, the following equation illustrates the spacing between dislocation arrays:

h1 =

0.8 (1− v) 2
d2
π 2b

(6)

As the dislocations try to move as fast as the shear wave velocity, driven by the residual
shear stress, the spacing between sequential dislocation loop generation events is h2
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(Figure 1.31). The dislocations try to “catch up” to the shock front, resulting in an
increase from h1 to h2,

! kV $
h2 = h1 #1+ dp &
" Us %

(7)

where Vdp is the dislocation velocity, k is an orientation factor and Us is the shock wave
velocity. Assuming the shock velocity is approximately equal to the sound speed
velocity,
1

" λ + 2µ % 2
U s ≅ C0 = $
'
# ρ &

(8)

h2#
h1

d2 ~ 1-3 µs

Figure 1.31 Dislocation interface in homogeneous generation model [98].
When the dislocation velocity is zero, h2 reduces to h1. When the dislocation
velocity equals the shear wave velocity, Vsw, h2 reaches a maximum. Assuming
dislocation density is primarily based on the two conditions of h, static (where Vdp =0)
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and dynamic (where Vdp= Vsw) dislocations, a model was fit to experimental results from
three separate sources.
The dislocation density, ρ, can be analytically expressed in terms of the specific
volume, V, for a static dislocation,
−2/3

"V %
2π 2
ρ=
$ '
0.8 (1− v) k 3b02 # V0 &

(9)

3

( " %1/3 +
*1− $ V ' *) # V0 & -,

where v is Poisson’s ratio, k is an orientation parameter, b0 is the Burgers vector, V0 is
the initial specific volume, and V is the specific volume of the material after lattice
compression [107].
The analytical dislocation density expression can also be expressed as a function
of pressure, P, obtained through the Rankine-Hugoniot equations and the equation of
state,

" V%
C02 $1− '
# V0 &
P=
2
(
" V %+
V0 *1− S $1− '# V0 &,
)

(10)

where C0 is the sound velocity and S is a parameter from the equation of state that is
specific to the material [107]. Rearranging Eq. (10) gives,

V
1 "
= 1−
2PSV0 + C02 ±
2$
V0
2PV0 S #

2 2
0

(2PSV + C )
0

%
− 4P 2V02 S 2 '
&

(11)

Substituting Eq. (11) into Eq. (9) lends to the dislocation density in terms of pressure
[106, 107]. However, neither the early model [98] nor improvements [106] were able to
predict values of dislocations densities that approached experimental results. This
remained a mystery until 2008.

!

54

Figure 1.32 Fcc metals: generation of partial dislocation loops; a) Schematic showing
dislocation loops nucleating at slip planes behind the shock front, shown in red with
propagation along [001]; b) Stacking fault sets are marked as A, B, C, and D, where set
A exhibits the highest density of occurrence (laser energy 205 J) [106, 107].
The homogeneous dislocation density model proposed and improved by Meyers
et al. for copper was extended to nickel in 2008 [106]. The nucleation of partial
dislocation loops is schematically shown in Figure 1.32a at slip planes behind the shock
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front. Figure 1.32b shows that all four stacking fault variants were activated during
shock loading under TEM observation [107]. In 2008 Jarmakani et al. [40] compared
the laser shock experimental results for a range of pressures from 10-80 GPa of nickel
to MD simulations. The experimental analysis of this work clarified a long standing
disagreement between MD predictions, analytical calculations and experimental
findings. Analytical models were also applied to predict the critical pressures for the
cell-to-stacking-fault transition and the onset of twinning as a function of grain-size and
stacking-fault energy. Initial calculations by Meyers et al. in 1978 of dislocation

Figure 1.33 Experimental results by Murr, Kuhlmann-Wilsdorf, Meyers and Trueb for
dislocation density compared with theoretical predictions for both dislocation motion at
the shear wave speed and stationary dislocations [110].
densities were orders of magnitude higher than what was experimentally observed in
materials. In 2003 Meyers et al. corrected for this disparity by improving on the existing
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model, obtaining analytical dislocation densities numerically much closer to
experimental results, as shown in Figure 1.33 [110].
TEM images of laser shock compressed copper, Fig. 1.34a, showed large and
small dislocation loops. When compared to the dislocation loop densities in undeformed
copper samples, laser compressed copper has much higher loop densities. This firmly
suggested that dislocation loop generation was an important event during elastic to
plastic transition in laser compression. Consistent with results found in copper and other
fcc metals, partial dislocation loops were emitted in MD simulations during laser shock
compression in nickel. Figure 1.34b shows a cross-sectional view from MD simulations
of the staking faults in single crystal [001] Ni after compression just above the HEL.
The three-dimensional view, Fig. 1.34c, from the MD simulations shows the plastic
zone lagging behind the partial dislocation loops generated from the leading elastic
precursor wave. Figures 1.34a-c illustrate the qualitative match between the analytical
homogeneous dislocation model and simulations.
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b)

b)

c)

Figure 1.34 a) Experimental observation under TEM of dislocation loops in laser
shocked copper, the different loop sizes (l = large; s = small) and shapes (e = elongated)
are indicated [107]; b) laser shock compression of nickel generated stacking-faults; c)
elastic and plastic compression, where dislocation loops are generated in the regions
showing plastic relaxation [106].
Stress unloading in nickel was studied and compared in experiments and MD
simulations. Dislocations generated during experimental compression were annihilated
upon unloading, an effect often neglected in MD simulations up until this point in time.
Figure 1.35 shows the pressure increase and decrease during compression and release,
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respectively. The results are purely for the defective atoms from the MD simulations
[106]. Interestingly, the simulations after unloading matched the experimental results
by Murr et al. [111] fairly well. In both studies, the partial dislocation loops almost
entirely disappeared after the pressure in the lattice decreased back down to zero.

Figure 1.35 MD simulations showing peak applied stress (σzz) during shock
compression of nickel along [001], the lattice z direction [111].
In Fig. 1.36 it can be seen that there was a disparity between theory (analytical
results) and experimental results. Holian and Lomdahl were responsible for these
important molecular dynamics simulations in 1998 showing the shock wave-induced
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plasticity dependence on shock strength for a fcc lattice, Figure 1.36. Later,
experimental results by Murr and Cao were added to this plot. Theoretical and molecular
dynamics results for Nickel were also added. The molecular dynamics results for nickel
and the experimental results of Murr fell beneath the trends of the theoretical and
molecular dynamics results of Cao and Meyers [112].

!

Figure 1.36 Holian–Lomdahl plot adapted to show plasticity (ao/l) vs. shock strength
(Up/Co) [106, 112].
Focus slowly transitioned from fcc to bcc metals, especially with the
introduction of lasers as a new and improved technique to flyer plates to induce shocks.
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Lu et al. [3] studied the recovery of single crystalline tantalum subjected to laser shock
compression. Figure 1.30a-b shows a schematic of a shock front propagating through a
bcc crystal, moving through the single crystal in the [001] orientation. Fig. 1.30a shows
the {110} slip plane of a [001] bcc single crystal. Four of the six slip planes in {110}
have equal Schmid factors, which are shown as sides to the pyramid. The dislocation
loops that nucleate on these planes are shown schematically and their Burgers vectors
are <111>, parallel to the slip plane directions. Fig. 1.30b shows the {112} plane where
the Burgers vectors intersect the slip plane directions [3]. The comparison of Figs. 1.32a
and 1.30a illustrates the differences between the fcc and bcc structures. In bcc metals,
the MD simulations (in monocrystals) do not predict the homogeneous nucleation of
dislocation loops up to pressures on the order of 60 GPa (for tantalum). Thus, other
mechanisms had to be postulated, which are explored in Section 1.7.2.2.
1.7.2.2 Dislocation Multiplication
Fcc and bcc metals have very different strain rate and temperature response by
virtue of the significant differences in the actuation volume for plastic deformation and
Peierls-Nabarro barriers.
The Orowan [113] expression, which connects continuum and dislocation
mechanics, has a simple form:

γ p = k ρ bl

(12)

where γ p is the plastic strain, k is the Taylor factor, ρ is the mobile dislocation density,
b is the Burgers vector, and l is the mean distance that the dislocation moves. The
increase in dislocation density by multiplication is the alternative to the homogeneous
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dislocation density expression at the shock front. Equation 12 is barely expressed
mathematically in the original paper by Orowan and this has given rise to the idea that
Orowan never proposed the Orowan equation. He got very close to it. Taking the time
derivative considering both ρ and l to be strain rate dependent:

γp =

dγ p
" ∂l ∂ρ %
= kb $ ρ + l ' = kb ( ρυ + l ρ )
# ∂t
dt
∂t &

(13)

where υ is the mobile dislocation velocity. An analytical dislocation velocity expression
was obtained by fitting the MD simulation data from Tang et al. [114] and Deo et al.
[115]:

.
( " %m +2
0
0
σ
υ = υ s /1− A exp *−B $$ '' -3
* # τ p & -0
01
)
,4

(14)

where the predicted maximum velocity is equal to the shear wave velocity, νs, A, B and
m are parameters and τp is the Peirels-Nabarro stress.
The strain rates in shock compression are extremely high. The relationship
between the strain rate at the shock front and the pressure observed experimentally and
expressed mathematically by Swegle and Grady [116], is the following,

P ∝ ε1/4

(15)

Experimental work done on tantalum by Furnish et al. [117] yielded the
following relationship between pressure and strain rate,
4
ε = 27.34 ×10 −36 × Pshock

In laser shock experiments the compression occurs in uniaxial strain:

(16)
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τ=

σ 1 − σ 2 1− 2v
=
σ
2
2 (1− v)

Gγ =

1− 2v
(1− v) = ε E = Gε
εE
v (1− v) (1+ v) (1− 2v) 2 (1+ v)

(17)

(18)

where τ is the shear stress, σ is the normal stress, γ is the shear strain, ε is the normal
strain, ν is the Poisson ratio, G is the shear modulus, and E is the Young’s modulus
above [3].

Figure 1.37 Predictions of dislocation velocity as a function of stress from the results
of Dao et al. and Tang et al. [3].
Equation 18 is simplified to get γ=ε, and thus γ = ε follows. The evolution of
dislocation density is a function of the strain rate, since both the velocity and ρ are
dependent on it. The velocity as a function of applied stress has been first expressed by
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the Johnson-Gilman [118] equation and then by more realistic expressions predicting a
maximum velocity equal to the shear-wave speed, as shown in Fig. 1.37. The change in
dislocation density, ρ , has been expressed by Kocks [119] as the difference between
the rate of generation and the rate of annihilation of dislocations:

ρ = ρ gen + ρ ann

(19)

Figure 1.38 Homogeneous dislocation generation vs. dislocation multiplication in
tantalum, a bcc metal. Experimental results from Gray, Hsiung and Lu et al. are plotted
alongside models of dislocation multiplication and homogeneous nucleation [3].
Figure 1.38 shows dislocation density calculations from three separate
experiments as a function of pressure using the homogeneous dislocation generation
model. The analytically calculated dislocation density values are magnitudes higher
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than the experimentally calculated. As mentioned earlier in Section 1.7.2.2, this is due
to fact that the analytical model does not incorporate two important factors that take
place during shock compression: relaxation during shock compression and defect
motion/annihilation during rarefaction. By not taking these two factors into
consideration it can be understood why the analytical model predicts a higher
dislocation density. It is clear that dislocation multiplication compares much more
favorably with experimental results. The data are bracketed by the Kocks [119] and the
Barton et al. [120] models.

Chapter 2

Results: Spall Strength in Tantalum

Spall strength is not a constant measure and is dependent on many factors, which
include impurity, shock duration, sample thickness, etc. Recognizing that spall strength
can be, in a sense, manipulated to a desired value is important. However, knowing the
correct technique to attain the highest spall strength in a material is also very valuable.
As mentioned in Section 1.4 spall occurs when rarefactions waves interact creating a
tensile wave greater than a critical threshold stress within the sample. Using lasers, this
process is simulated experimentally in order to gain a snap shot look into the process of
spalling in tantalum. By testing tantalum’s spall strength through varying the sample
thickness and strain rates, an in-depth analysis of the spall strength dependence on strain
rate and texture can be accomplished.
Our experimental campaign spanned a total of three years where we tested the
grain size and strain rate dependence of spall strength in tantalum for single, poly and
nano crystals. Consistent to published results, single crystal tantalum had the highest
spall strength and nanocrystalline had the lowest, placing polycrystalline between the
two. Strain rate increased with decreasing sample thickness, which correlated to a higher
spall strength in tantalum. The data and analysis is presented in this section.
2.1 Experimental Design of Spall Strength Studies in Tantalum
Shock amplitudes as large as, or higher than, those in explosives can be attained
using lasers. This is due to the generation of short shock pulses at nanosecond, even
picosecond, pulse durations. Lasers allow a unique view into plastic deformation at the
shock front in a sample. They are being used to study compressive and tensile shock
!
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defect generation, relaxation processes and recovery of the specimens to examine
deformation substructures.
There are four main assembly blueprints to choose from when designing a laser
shock experiment. These four modes by which lasers are used to shock compress metals
include direct drive, plasma confining overlay, laser driven flyer plates and the
hohlraum effect, Fig. 2.1 [27]. In the spall experiments the direct drive design was
chosen for all samples.

Figure 2.1 The four different design alternatives for targets using lasers [111].

The schematic below shows what a target may look like before, during and after
a shock wave passes through it. As the shock drive travels through the crystal you can
create voids, phase transitions, 3D and 1D elastic phases, Fig. 2.2. In an experiment,
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there is of course the possibility of completely demolishing your sample by sending a
shock wave through it, but through careful simulations, you can adjust the beam energy,
pressure and shape to create the appropriate conditions for a successful turnout.

Void

Release

New phase

3D elastic
phase

1D elastic
phase

Ambient
crystal

Shock!

Figure 2.2 As the shock drive travels through the crystal voids, phase transitions, 3D
and 1D elastic phases are generated [121].
A polystyrene ablator of thickness 20 µm was tacked on or glued to tantalum
samples ranging in thickness from 30-250 µm, Fig. 2.3. This particular design was
chosen based on the Hyades simulations outputting the desired peak pressures, strain
rates and spall strengths for the experiment. The polystyrene ablator allowed us to study
the samples without any induced melting during laser shock.
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Figure 2.3 Experimental assembly with Ta specimen and polystyrene ablator; effect of
laser shocking in a range of energies between 50-150 J.
In order to design the experiment itself a 1D hydrodynamics code, Hyades, was
used to simulate the laser conditions of Janus and the target assembly of the tantalum
samples. The purpose of the spall campaign was to achieve the highest strain rates and
spall strengths simultaneously for a range of energies, sample thicknesses, and pulse
durations. Refer to Appendix A for the complete set of Hyades simulations outlining
the thought process behind the target assembly design and energies requested from
Janus.
2.2 Ductile Spall in Single, Poly and Nano Crystalline Tantalum
Spall is created by fracture in the tantalum sample. These fractures are caused
by two broad classes of mechanisms: brittle or ductile failure. Brittle failure is
characterized by the propagation of one or more cracks through the structure. Ductile
fracture can occur by the nucleation, growth and coalescence of voids, or the continuous
reduction in the metal’s cross-sectional area until it is equal to zero (known as necking),
or by shearing along a plane of maximum shear.
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SEM images of single crystalline [111] orientation tantalum were taken for the

range of energies the samples were shocked. The SEM images show how the sample
failed by the ductile mechanism. At peak pressure of 15 GPa, corresponding to 112 J,
the single crystal sample completely spalled displaying signs of shear, Fig. 2.6-2.7.
Compared to the single crystal at peak pressure 16.6 GPa, corresponding to 75 J, not as
much material torn off during spallation, and dimpling can be observed in the crater area
of the sample, which is a characteristic attributed also to ductile fracture, Fig. 2.5.

500 µm

Figure 2.4 Monocrystalline Ta shocked at 52 J did not spall.
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b)

a)

200 µm

500 µm

Figure 2.5 Monocrystalline Ta shocked at 75 J completely spalled.

200 µm

Figure 2.6 Monocrystalline Ta shocked at 112 J also completely spalled.

a)

b)

20 µm

Figure 2.7 Monocrystalline Ta shocked at 112 J completely spalled.

5 µm
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SEM images taken of the nano and poly crystalline tantalum also show evidence

of ductile failure. The average grain size for the nanocrystals before laser shock was on
average ~100 nm. If you look at the high magnification Fig. 2.9b, the scale bar showing
1 µm, grains are clearly no longer visible because the dimpling is so large that the grains
have been completely engulfed.

500 µm

Figure 2.8 Nanocrystalline Ta shocked at 44 J did not spall.
a)

b)

200 µm

Figure 2.9 Nanocrystalline Ta shocked at 74 J completely spalled.

1 µm
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a)

b)

500 µm

5 µm

Figure 2.10 a) Nanocrystalline Ta shocked at 113 J completely spalled; b) the lip of the
spall crater shows shear.
SEM images of the polycrystals showed excellent evidence of intragranular
ductile fracture with dimple features. At peak pressure of 16.7 GPa, corresponding to
97 J, the poly crystals clearly showed void nucleation, growth and coalescence at the
grain boundaries as well as dimpling on the surfaces of the grains. So from the complete
collection of sample imaging, we were able to conclusively state that single, nano and
poly crystalline tantalum, for a range of low to high pressures, spalled by means of
ductile failure.

500 µm

Figure 2.11 Polycrystalline Ta shocked at 60 J formed a large spall bubble, incipient
spall, on the aback surface of the sample.
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a)

b)

200 µm

20 µm

Figure 2.12 Polycrystalline Ta shocked at 76 J completely spalled.

a)

b)

200 µm

20 µm

Figure 2.13 Polycrystalline shocked at 112 J also completely spalled.

2.3 Spall Strength Dependence on Strain Rate in Tantalum
The raw visar data taken for each sample consisted of two interferometers
capturing the movement of the back surface by phase shifts, seen in Fig.2.14. Using
Interactive Data Language (IDL), these fringes were unwrapped and converted into a
velocity versus time plot. Please refer to Appendix B for a short report on how to analyze
the visar data. The velocity and respective time data is then calibrated for the parameters
of the experiment and reference fringes for each visar.
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a)

b)

Figure 2.14 Visar data for a 250 µm thick single crystalline Ta sample: a) visar 1
provided more information of the sample’s rear surface given there are more fringes and
they are more tightly spaced together; b) visar 2 is necessary to compare against visar 1
data in order to make sure fringe shifts are correctly identified.
After calibrating the data a velocity versus time plot can be created for both visar
1 and visar 2 data, seen below in Figures 2.15-2.17. The velocity vs. time profiles
presented in this report are from the last 2 campaigns at Janus in 2012 and 2014. Total
there have been 3 campaigns, two of which were at Janus and one at Omega.
Figure 2.15 shows the velocity versus time profile for a 250 µm thick single
crystal Ta sample. The visar traces are excellent, meaning that the data is conclusive
and appropriately calibrated to each other and the experimental parameters. From this
plot the strain rate and spall strength was calculated. The average spall strength for the
250-µm thick tantalum crystals was calculated to be ~9.0 GPa, and the average strain
rate was ~6.0 x 106 s-1.
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Figure 2.15 Visar 1 and 2 traces for a typical single crystal 250 µm thick tantalum
sample.
Figure 2.16 shows the typical velocity versus time profile for a 250 µm thick
polycrystalline tantalum sample with a calculated average spall strength ~8.2 GPa and
average strain rate ~5.5 x 106 s-1.
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Figure 2.16 Visar 1 and 2 traces for a typical polycrystal 250 µm thick tantalum sample.
Figure 2.17 shows very nice agreement again of the visar 1 and 2 traces. The
calculated average spall strength of a 250 µm thick nanocrystalline tantalum sample was
~7.0 GPa and the average strain rate was ~3.0 x 106 s-1.
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Figure 2.17 Visar 1 and 2 traces for a typical nanocrystal 250 µm thick tantalum sample.
Figures 2.18 and 2.19 are velocity versus time profiles for the thinnest tantalum
samples that spalled. These samples were single crystalline tantalum at 50 µm
thicknesses. Thinner samples were laser shocked but the samples did not have time to
spall and instead were completely obliterated. The spall strength for the 50 µm thickness
Ta samples ~11.6 GPa with strain rates ~ 2.5 x 107 s-1.

!

Velocity (km/s)

78

1.4
1.2
1
0.8
0.6
0.4
0.2
0

VISAR!1
VISAR!2

0

5

10

15

20

25

Time (ns)

Velocity (km/s)

Figure 2.18 Visar traces for a single crystal 50 µm thick tantalum sample shocked at
100 J.
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Figure 2.19 Visar traces for a single crystal 50 µm thick tantalum sample shocked at
100 J.
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The spall strength results for strain rates at 106 and 107 s-1 were superimposed

onto the plot published by Razorenov et al., Figure 2.20. It can be seen by the green
plotted points that for the thicker samples at 250 µm thickness the strain rates were in
the 106 s-1 regime, resulting in lower spall strengths. The thinner tantalum samples at 50
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µm thickness resulted in higher spall strengths and strain rates ~107 s-1.

Figure 2.20 Our results for spall strength superimposed onto the data published by
Razorenov et al. [44].
2.4 Spall Strength Dependence on Texture in Tantalum
Plotting spall strength results for the 250 µm thick tantalum versus grain size
gives us Fig. 2.21, where the spall strength dependence on grain size can clearly be seen.
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Single crystals have the largest spall strength, then polycrystals and nanocrystals have
the lowers spall strength. Spall strength was expected to be highest in single crystal and
lowest in nanocrystal because the voids that are nucleated grow and coalesce (leading
to failure and spall) along grain boundaries. The physical evidence of this was shown in
the SEM image included in Section 2.2. Thus single crystals have the fewest grain
boundaries (none), and nanocrystals have the most, which leaves polycrystalline
tantalum spall strength to fall somewhere between the two.
At some point the argument that spall strength decreases with increasing grain
boundaries may not hold. For example, if a nanocrystal with a grain size of 10 nm is
laser shocked at a very high peak pressure then the voids that will nucleate and grow at
the grain boundaries will emit dislocations that will have no where to move because the
grains are too small. And the 3D grain orientations to one another cannot move so at
some point the nanocrystal will simply crack at the boundary, causing brittle fracture
and actually potentially result in a higher spall strength. This is pure speculation but a
good hypothesis to test in further spall experiments. With a small enough grain size a
new frontier of science will be entered, a new regime. And surprisingly the spall strength
of tantalum may in fact increase.
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Figure 2.21 Experimental data shows there is a correlation between spall strength and
grain size in tantalum. As grain size increases, spall strength increases in Ta.

Figure 2.22 shows a rationale for the differences in spall strength between the
different conditions. The ultimate tensile response of Ta is represented by the ascending
curves, which take into consideration the grain size and strain rate sensitivity. The same
sort of relationship has been observed in Cu34 and V.35 This rationale is based on a lower
strain-rate dependence for grain boundary separation because the rate-controlling
mechanism is not the thermally-activated or drag-limited motion of dislocations.
Polycrystals and nanocrystals (not depicted) contain boundaries, which act as
heterogeneous nucleation sites for microvoids that nucleate and grow preferentially
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along the grain boundaries and, in the case of the polycrystals, may be related to the
preferential segregation of impurities and vacancies at the grain boundaries. Indeed, the
grain-boundary nucleation stress can be considerably lower than the bulk nucleation
stress. The crossover between the curves marks the change in failure from bulk to
intergranular. It is important to note this figure is a qualitative explanation as to why the
spall strength in single crystals is larger than the polycrystals as strain rate increases.

Figure 2.22 Tensile stress (GPa) as a function of strain rate (1/s) plotted for
polycrystalline (dashed gray) and single crystalline (solid black) tantalum. The dot
dashed curve represents a first order approximation of the grain boundary cohesive
strength. The spall strength curves are fitted to a Cochran-Banner strength model. There
is a critical strain rate, where the curves cross, at which grain-boundary separation
occurs at a lower stress than bulk failure.
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a)

Single Crystal

Polycrystal

Single Crystal

Polycrystal

Single Crystal

Polycrystal

b)

c)

Figure 2.23 Schematic of the evolution of voids over time (a-c) at high strain rates in a
single and poly crystalline tantalum.
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In an effort to further illustrate this logic, Figure 2.23 shows a schematic of the

nucleation and growth of voids over time in a single and poly crystalline material at
high strain rates. The plastic flow of the matrix and stress required to grow a void is
larger in the single crystals than the stress required for decohesion at the grain boundary
for polycrystals at large strain rates. Thus because the polycrystals require less stress for
decohesion at the grain boundary, than the bulk stress of the single crystals (at high
strain rates), single crystalline tantalum will have a higher spall strength than
polycrystalline tantalum. The distance between the voids is greater in the single crystal
thus the stress required to grow them large enough to coalesce is larger than the stress
required to grow the voids at the grain boundaries of the polycrystals due to the fact the
distance between voids in the polycrystals is smaller.

Figure 2.24 Single crystalline (110) Ta with complete spall at the back surface of the
sample, creating a crater where material was pulled off. Spalled samples were sectioned
to examine the cross section (specifically the area directly beneath the spalled zone)
using EBSD.
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Spalled single, poly and nano crystalline tantalum samples were sectioned in

half using a slow speed diamond saw, mounted and mechanical polished to be imaged
in an EBSD. Sample surfaces were mechanically polished using standard procedures
for tantalum using 800, 1200, 2400, 4000 grit SiC paper and finishing with colloidal
silica solution with an average diameter ~20nm silica particles. Some samples were
mounted on a Si wafer and ion milled instead of mechanical polishing for EBSD
analysis. Samples were prepared at UCSD and EBSD was conducted at General
Atomics and the Evans Analytical Group. Scan size and step size was chosen to
accommodate grain size. EBSD sample preparation usually requires electropolishing as
the last step after mechanical polishing (if ion milling is not chosen), however, it is noted
in the literature for hard metals, mechanical polishing as the last step is all that is
required for a receiving a good scan signal. Tantalum having a high atomic number, 73,
improves the resolution of the scan. Backscatter electron signal increases with the
atomic number of the metal, thus the diffraction pattern increases as does the spatial
resolution [47]. The cross section (the plane in the y direction, Figure 2.24) is the are of
interest, specifically the are directly under the spall crater.
Typically, EBSD is reserved for microstructural analysis on polycrystalline
material with a known atomic structure (fcc, bcc, hcp), however, EBSD can also be
applied to monocrystalline metals targeting specific information. Figure 2.24a shows
the cross section of a completely spalled monocrystalline tantalum sample, prepared for
analysis as shown in Fig. 2.24. In Figure 2.24a the spall crater and laser shocked side
are labeled. The area of interest is between these two surfaces as outlined in Fig. 2.24b.
Using a 1µm step size, the EBSD scan shown in Fig. 2.24c illustrates the microstructural
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shift from the laser impacted side down to the spalled surface, labeled as the
“intermediate zone”. The labels IPF refers to the inverse pole figure for the x, y and z
directions of the cross section. The white lines are scratch markings from the mechanical
polishing. Even with the best mechanical polishing, scratch lines can occur, which is
why electropolishing is sometimes used as the final polishing step. The “spall zone” in
the EBSD map shows where no diffraction patterns, Kikuchi bands, appeared due to
extreme deformation. The signal is weak there and thus no meaningful microstructural
information, other than the fact there is high deformation in the “spall zone,” can be
deduced.
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a)

b)

c)

Figure 2.25 a) Cross section of a sliced single crystalline Ta sample that completely
spalled at the back surface; b) the area of the EBSD scan encompassing both the laser
impacted and spall crater surfaces of the sample; and c) the EBSD inverse pole figure
map showing the microstructural changes.
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Figure 2.25a shows the cross section of a sectioned monocrystalline Ta sample.

This sample was laser shocked at low energy, ~50 J, and a small bulge can be seen at
the top of the surface, indicated in Fig. 2.25a. In single crystals a spall plane is formed
by voids which grow and coalesce eventually causing material to pull off from the plane,
creating craters as seen in Fig. 2.25. Since a spall plane or at the very least a cluster of
voids was not imaged on the SEM, given the low laser ablation it is possible that the
voids have only just nucleated and have not grown to the tens of micron scale needed
for the SEM to image. Figure 2.25b shows the quantitative geometrically necessary
dislocation (GND) density for the two scans outline in Fig. 2.25a.
As mentioned in Section 1.5, EBSD can be used to determine a multitude of
microstructural characteristics in a specimen. One tool in particular that EBSD offers is
measuring the geometrically necessary dislocations densities in a material. Traditionally
transmission electron microscopes have been used as the main technique in determining
dislocation densities. However, obtaining statistically representative results using the
TEM technique is a substantial amount of labor. Each individual TEM foil represents
data on the nano or micro scale, which can be an issue when studying the microstructure
of a polycrystalline sample where defect distributions are not homogeneous. EBSD
provides an attractive alternative to using TEM in measuring dislocation densities,
where each scan can be on the order of tens of microns accurately illustrating on the
macro scale the deformation and dislocation distributions.
There are two approaches to gain a quantitative analysis of GND densities from
EBSD data, however, only one will be discussed here. This approach is based on the
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a)

Bulge at the
back surface

b)

c)

d)

Figure 2.26 Single crystalline Ta (111) orientation: a) the sample did not completely
spall during laser ablation, a bulge can be seen at the top surface of the sample due to
the fact the sample did not completely spall; b) average geometrically necessary
dislocation densities for the two scans outline in a); c) location misorientation graph of
the KAM map shown in d).
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misorientation angle between measuring points located at known distances, x, from each
other. Kubin and Mortensen [122] expanded on the strain gradient model proposed by
Gao et al. [56] to consider the torsion that takes place during plasticity and related the
misorientation angle, θ, to GND density:
3456 =

89
:;

(1)

where α is a constant equal to 2 or 4, θ is the misorientation angle, b is the Burger vector
and x is the unit of length. α equals 2 for a pure tilt boundary since a tilt can be
accommodated by one set of edge dislocations and α equals 4 for a pure twist boundary
since a twist can be accommodated by two sets screw dislocations [123]. The Kernel
Average Misorientation (KAM) is obtained from EBSD scans and is the average
misorientation angle of a given point with all its neighbors. In order to solve for the
GND density outlined in Eq. (1), the misorientation angle value, θ, is generally obtained
from the KAM. Figure 2.26c,d show the KAM data whereby the GND density was
calculated and plotted as a function of the area scanned as shown in Figure 2.26b. The
values obtained, ρGND=1x1014 m-2 are in line with published results for recovery
tantalum using similar threshold angles of 5°, ranging from 1x1014 m-2 to 3.2x1013 m-2
[123].
Completely spalled polycrystalline Ta was sectioned and its cross section
analyzed under EBSD. Figure 2.27a shows the multiple scans performed on the cross
section, with particular focus underneath the spall crater. Figure 2.27b is an SEM image
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a)

Laser shocked side of sample

b)

Cross section of interest,
underneath the spall crater

50 µm
Figure 2.27 a) Sectioned polycrystalline Ta sample mounted for EBSD; and b) an SEM
image of the spall crater and cross section of interest directly underneath.

of the mounted polycrystalline sample showing the crater where material was pulled off
during spall and the cross section of interest below. Figures 2.28 and 2.29 show the
EBSD inverse pole scans in the x, y and z directions, highlighting the orientations of
each individual grain. Within the scans, white can be seen dispersed throughout which
is indicative of the diffracting patterns (Kikuchi bands) not indexing properly with the
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IPF X

IPF Y
111

001

IPF Z

100 µm
Figure 2.28 EBSD scan 2 of the polycrystalline Ta sample shown in Fig. 2.27.
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EBSD database. This could mean either the sample was not prepared well (surface is
not finely polished enough for the sensitivity required by EBSD), the correct acquisition
settings have not been applied or material is missing implying the existence of voids.
a)

111

001

b)
IPF X

IPF Y

IPF Z

Figure 2.29 EBSD scan 3 of the polycrystalline Ta sample shown in Fig. 2.27.
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Figure 2.30 shows a polycrystalline Ta sample shocked at a low energy to induce

incipient spall within the sample. A bulge can be seen on the top surface where void
nucleation, growth and coalescence is expected. Figure 2.31 shows the outline of the

z

y

Figure 2.30 Sectioned polycrystalline Ta sample mounted for EBSD. The area
highlighted by the yellow box is of interest, beneath the bulge on the top surface.

Figure 2.31 SEM image of the individual grains before beginning EBSD scan.
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a)

b)

c)

d)

111

001

Figure 2.32 Polycrystalline Ta laser shocked at a low energy: a) the EBSD scan area
chosen, under the bulge shown in Fig. 2.30; b) average geometrically necessary
dislocation densities for the two scans outline in a); c) KAM for one of the EBSD scans;
and d) the inverse pole figure map of the scan.
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grain boundaries imaged SEM mode. The grain map from the EBSD scan highlighted
in yellow in Fig. 2.30 is shown in Fig. 2.32a. Two sections of the EBSD scan were
analyzed to obtain the KAM in pursuit of the GND density. Both sections yielded the
same GND density ~1x1014 m-2. However, when the scan labeled “surface” in Fig. 2.32b
was analyzed using a smaller step size the GND density was calculated to ~4x1014 m-2,
Fig. 2.33. Inverse pole figure maps of the incipient polycrystalline sample are shown in
Figures 2.32d and 2.34.

Figure 2.33 Geometrically necessary dislocation density values calculated by using a
smaller step size in EBSD of the same scan shown in Fig. 2.32b labeled “surface.”
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Figure 2.34 Inverse pole figures for the x, y and z orientations of the EBSD scan shown
Fig. 2.32.
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In the micro-CT images, reconstruction plane images through the spall bubble,

perpendicular to the rotation axis of the scan, are provided in Figure 2.35a. Bright light
phases correspond to those which are highly attenuating (tantalum) and the dark phases
correspond to those which are lowly attenuating (air/voids). Several reconstruction
artifacts present in the dataset can be seen in Figure 2.35. The brightening of the
periphery, or the darkening of the interior, is known as beam-hardening induced
intensity cupping and is a result of the polychromatic X-ray beam used for attenuation
imaging. Also, ring like artifacts are observed, which are essentially the result of sensor
miscalibration or beam instability. In addition to the spall bubble volume itself, nodular
features at the interior of the void’s surface are observed. The nominal size of these
features is comparable to the grain size observed via SEM (Fig. 2.35b,c), indicating that
the tortuous surface is attributed to grain boundary separation.
The sample shown in Figure 2.35 was analyzed under EBSD for voids
nucleating at grain boundaries. This sample was mounted on a Si wafer and ion milled
for EBSD analysis. Three scans have been provided to highlight regions above and
below bulge (Figs. 2.36 and 2.38b,c). Scan size and step size was chosen to
accommodate grain size. A larger 200 x 200 µm scan region was obtained with a 0.4
µm step size and smaller scans of 100 µm in the lateral direction were obtained at 0.3
µm step size above and below the bulged region.
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a)

b)

c)

Figure 2.35 X-ray micro CT reconstructed images of a spall bubble in polycrystalline
tantalum: a) center of the spall bubble; b) near the edge of the spall bubble; and c)
magnified image near the center of the spall bubble.
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a)

Scanned region
below spall bubble

b)

c)

Figure 2.36 EBSD scan of the same sample shown in Figure 2.35: a) SEM image
showing scanned region far below the spall bubble; b) inverse pole figure map showing
grain orientation; and c) grain map showing the size of individual grain and voids
(shown in black).
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Figure 2.36a shows the first region of an EBSD scan, well below the spall

bubble. The inverse pole figure map, Fig. 2.36b, shows the orientation for each
individual grain. This scanned region shows most grains are oriented in the [110]
direction. Figure 2.36c shows a grain map, similar to any sample that has been etched
and observed under an optical microscope. Fig. 2.36c is simply showing the grain
boundaries between each individual grain and the black indicates areas that did not
provide high-confidence data fit (showing voids). The EBSD scans show the voids at
the grain boundaries, with a few voids within the grains themselves. Voids within the
grains can be attributed to defects present before laser shock inducing spalling.
However, it is interesting to note the many of the voids have grown and coalesced
around the grain boundaries, as predicted.
Figure 2.37a shows the grain size distribution thought the EBSD scans of the
polycrystalline Ta spalled sample. There is a healthy distribution of grain sizes, between
15-25 µm in size. Previously it was stated that the polycrystalline samples had an
average grain size of ~20 µm, which fits with the EBSD data plotted in Figure. 2.37a.
The pole figure of the grain orientation is shown in Fig. 2.37b.
The area directly beneath the spall bubble was analyzed under EBSD
observation. The scanned region is shown in red in Figure. 2.38a. Figure 2.38b shows
the corresponding inverse pole figure map of the highlighted scanned region in red. A
multitude of voids can be seen at the grain boundaries (black) at the top of the scan.
There are a few voids within the grains themselves but as stated previously this is most
likely due to sample defects present before spalling. At the bottom of the scan, large
voids (individual voids that have grown into each other and coalesced) can bee seen in-
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between grains at their boundaries. Interestingly, the grains at the very edge of the spall
bubble (both in Figure 2.38 b and c) are much smaller than the grains a little farther
away from the spall bubble. During spall in the polycrystalline sample, the voids grow
at grain boundaries and any impurity sites. It is observed in the EBSD scans there are
voids within the grains themselves. In this particular sample under investigation, the
voids had enough time to grow and combine with one another. This includes voids at
the grain boundaries and within the grains themselves. The smaller grain sizes at the
edge of the spall bubble can be attributed to the following: the voids growing relatively
large from the imperfection sites within the grains at some point grew into the coalescing
large voids growing at the grain boundaries. One a large enough perforation was formed,
the material pulled off (spalled off) leaving behind remnants of the grains, which are
thus smaller in size than the average grain size of ~20 µm.
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a)

b)

Figure 2.37 a) Grain sizes found over the area of the EBSD scan for polycrystalline
tantalum; and b) a pole figure showing the distribution of a specific pole (grain
orientation) in space for polycrystalline tantalum. The color indicates the intensity of
the pole in that direction.
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Below
bulge

bulge

b)

c)

Figure 2.38 EBSD scan of the same sample shown in Figure 2.36: a) SEM image
showing two scanned regions; b) inverse pole figure map showing grain orientation of
the scanned region directly below the spall bubble; and c) inverse pole figure map
showing grain orientation of the wall of the spall bubble.

!

105

Separation of material

Scan Location

50!µm!
Figure 2.39 Incipient spall nanocrystalline tantalum: cross section of the sample with
the EBSD scan location indicated by the dashed white lines.

Nanocrystalline Ta was prepared on a Si wafer and ion milled. This technique
was chosen over mechanical polishing due to the high chance of grains being pulled out
during polishing. Since one of the objectives of using EBSD is to image the voids, if
mechanical polishing causes pull out of grains, then it could be confused with voids that
are assumed to be caused by spalling. Another possibility that occurs with mechanical
polishing is the embedding of material. Since the nanocrystalline sample is expected to
have voids, silica embedment in the voids from the final mechanical polishing step is a
high possibility. Thus to remove any confusion of data, mechanical polishing was

!

106

avoided and the sample was prepared for EBSD analysis through ion milling. Nominally
a 100x40 µm scan region was obtained with a 0.15 µm step size. Figure 2.39 shows the
cross section of the nanocrystalline Ta sample. The bottom surface shows a separation
of the material. This separation suggests the voids that nucleated at the grain boundaries
had enough time to grow and coalesce into one huge void. If the sample had more time
to respond, or was laser shocked harder creating a larger pressure within the sample, the
wall of nanocrystalline material shown in Fig. 2.39 would have completely blown off
and only a crater would remain for recovery.
Figure 2.40 shows the inverse pole figure for the scan area shown in Fig. 2.39.
The different colors indicate the different orientations of each individual nano grain.
Where there is no color, just black, is a section of the sample that cannot be indexed
meaning it is a void. The voids are clearly at the grain boundaries of the nano grains.
There seem to be two main areas of void clusters, labeled section 1 and 2. The interface
at section 1 is between crystals oriented in the (100) direction, shown in pink, and (110)
direction, shown in green. The interface at section 2 is between crystals oriented in the
(110) direction, and (111) direction, shown in blue. From the scan the void coalescence
and clusters are most abundant at the interfaces of the different crystal directions. Figure
2.41 shows the grain map, similar to what is imaged in an optical or scanning electron
microscope. The grain size distribution over the area of the scan is shown in Figure 2.42,
where many of grains were measured to be 100 nm in diameter.
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Section 1

Section 2

Figure 2.40 Inverse pole figure map showing voids in black due to incipient spall for
nanocrystalline tantalum.
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Figure 2.41 Grain sizes found over the area of the EBSD scan for nanocrystalline
tantalum.
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Figure 2.42 A pole figure showing the distribution of a specific pole (grain orientation)
in space for nanocrystalline tantalum. The color indicates the intensity of the pole in that
direction.
Chapter 2, in part, has been submitted for publication of the material as it may
appear in the Journal of Applied Physics, 2015, J.C.E. Mertens, E.N. Hahn, S.
Sabbaghianrad, T.G. Langdon, C.E. Wehrenberg, B.R. Maddox, D.C. Swift, B.A.
Remington, N. Chawla, M.A. Meyers, AIP Publishing, 2015. The dissertation author
was the primary investigator and author of this paper.
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Chapter 3 Results: Nanoindentation in Tantalum
The mechanisms of deformation under a nanoindentation in tantalum, chosen
as a model body-centered cubic metal, are identified and quantified. Molecular
dynamics (MD) simulations and indentation experiments are conducted for [100],
[110] and [111] normal to surface orientations. The simulated plastic deformation
proceeds by the formation of nanotwins, which rapidly evolve into shear dislocation
loops. It is shown through a dislocation analysis that an elementary twin (three layers)
is energetically favorable for a diameter below ~7 nm, at which point a shear loop
comprising a perfect dislocation is formed. MD simulations show that shear loops
expand into the material by the advancement of their edge components. Simultaneously
with this advancement, screw components of the loop cross-slip and generate a
cylindrical surface. When opposite segments approach, they eventually cancel by
virtue of the attraction between them, forming a quasi-circular prismatic loop composed
of edge dislocation segments. This “lasso”-like mechanism by which a shear loop
transitions to a prismatic loop is identified for both [001] and [111] indentations. The
prismatic loops advance into the material along <111> directions, transporting material
away from the nucleation site. Analytical calculations supplement MD and
experimental observations, and provide a framework for the improved understanding
of the evolution of plastic deformation under a nanoindenter. Dislocation densities
under the indenter are estimated experimentally (~1.2 x 1015 m-2), by MD (~7 x 1015
m-2) and through an analytical calculation (2.6–19 x 1015 m-2). Considering the
assumptions and simplifications, this agreement is considered satisfactory. MD
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simulations also show expected changes in pile-up symmetry after unloading,
compatible with crystal plasticity.
3.1 Computational Methods
MD simulations were done using a large-scale atomic/molecular massively
parallel simulator (LAMMPS) [65]. Indentation was carried out using a rigid spherical
indenter tip [124]. Although the Berkovich tip is typically used in nanoindentation
studies, it should be noted that such an indenter has a rounded tip of up to 150 nm;
therefore, it can be expected that the spherical tip used in our studies renders the same
plasticity mechanisms produced by a Berkovich tip prior to significant eﬀects produced
by the pyramidal planes. Simulated box size, and tip diameter and velocity, were varied
within the limits allowed by our computational resources, to ensure our results were not
aﬀected by finite-size eﬀects or indentation rate. A detailed parametric study will be
published separately, since here we are focusing on large-scale load and unload
simulations to understand prismatic loop formation and pile-ups. We used an indenter
diameter of 25 nm for the [001] surfaces, and 20 nm for [011] and [111] surfaces.
Changing indenter diameter in the range of 10–25 nm did not change the qualitative
features of our description below. The MD simulation domain had dimensions of 90
x 90 x 66 nm3 (~30 million atoms) with an indenter of 25 nm diameter for indentation
of the [001] surfaces; 50 x 50 x 40 nm3 (~6 million atoms) for indentation of the [011]
surfaces; and 50 x 50 x 40 nm3 (~6 million atoms) for indentation of the [111]
surfaces. These sizes are larger than usual in most current indentation simulations, and
ensure that the plastic region is properly contained within the simulated volume. It is
customary to expect a plasticity zone of up to 3.5 times the radius of the indentation
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imprint, as a worst-case scenario [125]. As a further check at the end of our
simulations, we verified that our box size for the [001] indentation is six times the
radius of the imprint in the z direction and eight times the radius of the imprint in
the x and y directions.
Indentation was carried along the z direction, and periodic boundary conditions
were applied in x–y directions. The sample was energetically minimized and
equilibrated at 300 K and a Langevin thermostat was applied to the sides and bottom
of the domain in order to dampen possible boundary effects. Unlike nanoindentation
experiments, in which the test is performed in what is called load-control mode, MD
simulations are typically done in displacement- controlled mode by applying a
constant penetration rate to the indenter [124].
An indentation velocity of 34 m s-1 was used, compared to 100 m s-1 in Kumar
et al. [72], 20 m s-1 in Lodes et al. [75] and 40–0.004 m s-1 in Alcalá et al. [73]. This
velocity is ~1% of the bulk sound velocity [124, 126], and considered suﬃciently low
to minimize dynamic eﬀects. Reducing the indentation velocity to 3.4 m s-1 did not
produce any qualitative change in loading curves and plasticity, but lowered slightly the
plastic threshold, as expected. Quasistatic simulations as in Hagelaar et al. [71] might
lead to somewhat diﬀerent results. Of course, simulated speeds are orders of magnitude
larger than experimental values, and there might be eﬀects due to the high strain rate
of every MD simulation, for instance in dislocation–twinning competition [114].
It is challenging to develop empirical potentials for bcc metals which would
work at the large strains and stresses reached in indentation simulations [127]. Here
we used a recently presented embedded atom method potential by Ravelo et al. [128],
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which has been specifically designed to work at high stress and describes well the elastic
properties of Ta up to high pressures, alongside properties associated with plasticity,
like shear stress–strain curves and gamma energy curves [128]. This potential has been
recently shown to describe extremely well the microstructure induced by high pressure
loading of Ta [125].
Defective structures were filtered by means of common neighbor analysis [129]
and visualized by means of OVITO [130]. Dislocation line lengths were computed
using the dis- location extraction algorithm (DXA) [131], and dislocation density can
then be defined for a given volume containing those dislocations.
3.2 Atomistic Modeling of Plasticity
The evolution of dislocations under the indenter is shown in the sequence of
Fig. 3.1 for a (001) surface. It proceeds by initial formation of planar defects in a manner
akin to that described by Alcalá et al. [73]. The use of the Ravelo potential [126, 128]
in the current calculations, instead of the Li et al. potential [74] applied by Alcalá et al.
[73], results in smaller twinned regions. The twins are {112} twins, as expected for
bcc metals under compressive stress. However, the overall evolution is similar. We note
that twinning often appears under high strain rate conditions, and the twinning observed
in our simulations might not appear for indent velocities approaching experimental
values, which are outside the reach of current large scale atomistic simulations.
Shear loops form and propagate along the expected <111> slip directions. Two
of the four directions are marked in Fig. 3.1. The shear loops expand by the advance
of the edge components, while the screw components can, and do, undergo limited
cross-slip. This cross-slip of the screw components eventually leads to a pinching off
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action, which produces prismatic loops. It is noted that the edge components cannot
cross-slip.

T.P. Remington et al. / Acta Materialia 78 (2014) 378–393

Fig. 5. MD simulation of overall evolution of defects (removing perfect atoms) in nanoindented [1 0 0] crystal: (a) at a penetration of 1.8 nm, initial lo
are clearly seen; (b) atFigure
2.5 nm the
evolving and
(c) prismatic
formation
at 3.2 nm;
(d) generation
3.1loops
MDaresimulation
ofinteracting;
overall evolution
ofloop
defects
(removing
perfect
atoms) ofinsuccessive generation
prismatic loops with continued penetration at 4 nm. The color scheme from red to blue qualitatively designates depth variation, with blue being furt
nanoindented [100] crystal: (a) at a penetration of 1.8 nm, initial loops are clearly seen;
from surface. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)

(b) at 2.5 nm the loops are evolving and interacting; (c) prismatic loop formation at 3.2
nm; (d) generation of successive generations of prismatic loops with continued
penetration at 4 nm. The color scheme from red to blue qualitatively designates depth
variation, with blue being furthest from surface.

In order to focus on the formation of the prismatic loops in detail, a section of
the sample was isolated and is shown in Fig. 3.2. The screw components are straight
whereas the edge component forms the front of the loop. As the edge component
advances, the screw components cross-slip and eventually re-encounter each other (Fig.
3.2e), canceling in the process (Fig. 3.2f). Thus, a prismatic loop is formed.

Fig. 5. MD simulation of overall evolution of defects (removing perfect atoms) in nanoindented [1 0 0] crystal: (a) at a penetration of 1.8 nm, initial loop
are clearly seen; (b) at 2.5 nm the loops are evolving and interacting; (c) prismatic loop formation at 3.2 nm; (d) generation of successive generations o
115
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prismatic loops with continued
penetration at 4 nm. The color scheme from red to blue qualitatively designates depth variation,
with blue being furthes
from surface. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)

Fig. 6. Evolution of shear
loops 3.2
intoEvolution
a prismatic of
loop
by cross-slipping
pinching oﬀ
of screw
components forand
[1 0 0]
indentation. The color schem
Figure
shear
loops into and
a prismatic
loop
by cross-slipping
pinching
from red to blue designates the distance of defects from the nanoindentation site. (For interpretation of the references to color in this figure legend, th
off of screw components for [100] indentation. The color scheme from red to blue
reader is referred to the web version of this article.)

designates the distance of defects from the nanoindentation site.

A similar evolution was observed for indentation along [111]. The shear loops
in Fig. 3.3a propagate with a Burgers vector of b/2[111]. The screw components of the
loops are perpendicular to the surface. One of these loops undergoes the “pinching-off”
of a prismatic loop through the cross-slip action of the screw components as the edge
component advances. In Fig. 3.3d, a loop is pinched out. The formation of two
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prismatic loops is shown in Fig. 3.3f. As the indenter penetrates into the sample,
additional prismatic loops are formed along this and other orientations. It should be noted
that Hagelaar et al. [71] also observed prismatic loop punching during loading for the
[111] indentation, and associated the loop formation with shear in their atomistic
indenter.
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Fig. 7. Evolution of shear loops into prismatic loops by cross-slipping and pinching oﬀ of screw components, in a “lasso” action during [0 0 1] indentation:
(a) shear loop emission; (b) cross-slip of screw components to diﬀerent slip planes and curvature formation at edge component of loop; (c–e) continued
cross-slip of screw components as edge components advance, in a “lasso” action, pinching oﬀ a loop; (f) release of additional prismatic loop and retraction
of shear loop. The color scheme from red to blue qualitatively designates depth variation, with blue being furthest from surface. (For interpretation of the
references to color in this figure legend, the reader is referred to the web version of this article.)

Figure 3.3 Evolution of shear loops into prismatic loops by cross-slipping and pinching
off of screw components, in a “lasso” action during [001] indentation: (a) shear loop
emission; (b) cross-slip of screw components to different slip planes and curvature
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range of hp = 5–8 nm for a load of !1000 lN.
FIB was used to cut and polish samples for TEM characterization from the center portion of an indentation and
immediatelyThe
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double tilt condition.
process
deformation
under the
TEM images were taken at indentation sites as well as
far away from the nanoindentations. Dislocations densities
under and around the nanoindentations were calculated
from TEM images using the linear intercept method. Figs. 3
and 4 show a cross-sectional area of a nanoindentation for
[1 0 0] and [1 1 1] Ta, respectively. The average dislocation
density under the nanoindentation for the [1 0 0] crystal
was calculated to be (1.2 ± 0.5) " 1015 m#2. This dislocation density was calculated for a two-beam condition in
which the largest possible number of dislocations was

center of each nanoindentation; however, it is a very diﬃcult process, resulting in TEM foils with segments of indentations a little oﬀ from its center. This is the case for Fig. 4,
and it can is
be seen
that the indentation
is significantly
indenter
schematically
rendered
in Fig. smaller than the one shown in Fig. 3. Therefore, the calculated
dislocation density for this specimen would be somewhat
speculative. Defects due to FIB milling do include point
defects (interstitials, vacancies), dislocations and inclusion
of amorphous material into the TEM foil, but the exact
value for these defects is not known for tantalum and many
other materials. In light of the possibility of the FIB process adding defects into the TEM foil, a reference FIB sample was cut far away from the nanoindentation sites and
compared to a FIB cut taken right at an indentation. Using
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3.4 for a generic [111] direction. The initial formation of one single loop having a
[111] slip direction (Fig. 3.4a) is followed by cross-slip of the screw components as the
front advances (Fig. 3.4b-e). Two families of slip planes having a common [111]
direction contribute to this: {110} and {211}. The screw components, in a “lasso” action,
close into form a circular edge front. The attraction between the opposite screw
segments is due to the fact that the dislocation lines have opposite signs, while their
Burgers vectors are parallel. In Fig. 3.4f, the two screw components of the loop attract
each other and cancel. This leads to the pinching-off effect, which is complete in Fig.
3.4g, marking the full emission of a prismatic loop taking an almost circular shape. This
prismatic loop subsequently advances, and the process repeats itself as deformation
proceeds.
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Fig. 8. Dislocation evolution leading to “lasso” loop formation with generation of prismatic loop by successive cross-slip of screw components along
planes sharing the same [1 1 1] slip direction, during [1 1 1] indentation: (a) shear loop emission; (b) cross-slip of screw components to diﬀerent slip planes
and curvature formation at edge component of loop; (c–e) continued cross-slip of screw components as edge components advance, in a “lasso” action; (f)
attraction of screw components and pinching oﬀ of loop; (g) release of prismatic loop and retraction of shear loop.

Figure 3.4 Dislocation evolution leading to “lasso” loop formation with generation of
prismatic loop by successive cross-slip of screw components along planes sharing the
same [111] slip direction, during [111] indentation: (a) shear loop emission; (b) crossthe reference sample as a basis for identifying FIB-induced
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3.2. Atomistic modeling of plasticity
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involved, the prismatic loops can have triangular or hexagonal shapes. This is shown in
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Fig. 3.5a,b for a triangular loop and Fig. 3.5c,d for a hexagonal loop. Fig. 3.5e,f shows
a loop that is close to circular formed by cross-slip in both {11 1} and {1 12} planes.
It has 12 sides. Indeed, this was observed in MD simulations by Tang et al. [114]
for the growth and collapse of nanoscale voids in Ta. Fig. 3.5c from Tang et al. [114]
does show the final stages of the pinching-off leading to the lasso loop formation. It
is interesting to notice that Fig. 3.2 of Lodes et al. [75], shows something indicative of
a lasso mechanism for a cubic ionic crystal, with an incomplete lasso (loop marked 1)
that has evolved into a prismatic
loop in 2.
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Fig. 9. Triangular, hexagonal and dodecahedral prismatic loops forming in bcc metals (Figs. b and d from Ref. [34]). The color scheme from red to blue
designates the distance of defects from the void surface location. (For interpretation of the references to color in this figure legend, the reader is referred to
the web version of this article.)

Figure 3.5 Triangular, hexagonal and dodecahedral prismatic loops forming in bcc
metals (Figs. b and d from Ref. [114]). The color scheme from red to blue designates
formed
along this and
orientations.
It should
noted
In this study, all the observed prismatic loops had
the
distance
of other
defects
from the
voidbesurface
location.
that Hagelaar et al. [25] also observed prismatic loop punchshapes that were close to circular. The shear loops that
ing during loading for the [1 1 1] indentation, and associated
the loop formation with shear in their atomistic indenter.
The process of deformation under the indenter is schematically rendered in Fig. 8 for a generic [1 1 1] direction.
The initial formation of one single loop having a [1 1 1] slip
direction (Fig. 8a) is followed by cross-slip of the screw components as the front advances (Fig. 8b–e). Two families of
slip planes having a common [1 1 1] direction contribute to
this: {1 1 0} and {2 1 1}. The screw components, in a “lasso”
action, close into form a circular edge front. The attraction
between the opposite screw segments is due to the fact that
the dislocation lines have opposite signs, while their Burgers

gave rise to the prismatic loops, on the other hand, were
approximately rectangular, with two lateral components
composed of screw dislocations, and the advancing front,
which had some curvature, composed of dislocation segments of primary edge character. However, if fewer slip
planes are involved, the prismatic loops can have triangular
or hexagonal shapes. This is shown in Fig. 9a,b for a triangular loop and Fig. 9c,d for a hexagonal loop. Fig. 9e,f
shows a loop that is close to circular formed by cross-slip
in both {1 1 1} and {1 1 2} planes. It has 12 sides. Indeed,
this was observed in MD simulations by Tang et al. [34]
for the growth and collapse of nanoscale voids in Ta.
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As the plastic deformation region below the indentation develops, a pile-up is

formed due to volume conservation. The volume displaced by the indenter is partially
extruded upwards. This pile-up region is also experimentally observed. The pile-up
follows the corresponding symmetry of the crystal slip. For instance, for [001]
indentation, there are four <11 1> slip directions leading to four-fold symmetry of the
surface pile-ups. Fig. 3.6a shows a top view of the sample, with the four directions of
loop emission indicated, and the pile-ups shown in Fig. 3.6b. The side view of the
pile-ups is shown in Fig. 3.6c. The height of the pile-ups, hp, is between 2.5 and 4.5
nm, as shown in Fig. 3.6c.
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According to the Hertz analysis for a rigid sphere of
radius
R (acting against a plate with Young’s modulus E
ð1Þ
and Poisson’s ratio t), a is given by:
#
$1=3
Similar evolution
of dislocations
leading to prismatic loop formation
3 ð1 $ t2 Þ
a¼
2RF
ð4Þ
8
E

was

observed for the
[011] and [111] orientations, as shown in Fig. 3.7. The geometry of
where R is the sphere radius and F the force applied on the
plate [43]. Fig. 12c shows the variation of the maximum

ð2Þ
pile-ups
is the
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as predicted
by crystal
plasticity
finite element
model (FEM)
shear
stress
divided by
the pressure
P (equal
to the force

nce. The maximum shear stress

simulations
ð3Þ

F divided by the contact area) for tantalum, as a function
of depth z, normalized to a (z/a = f). It can be seen that
[132].
Those simulations give perfectly symmetric pile-ups, while
it reaches a maximum at a depth f ! 0.66, from the Hertzian equations. The results of MD are similar, giving

MD
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gives some asymmetry due to small thermal and stress fluctuations. In addition to
prismatic loops, “half loops” attached to the surface are moving away in Fig. 3.7a. These
are loops that moved along the surface, which absorbed part of the loops without
pinning them. Something similar was observed by Lodes et al. [75], for diﬀerent planes,
but with a similar mechanism.
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Fig. 11. Formation of loops and pile-ups for indentation (loading) along (a) [0 1 1] and (b) [1 1 1]: (a) top view of complete loops forming along [1 $1 $1]
and [1 $1 1] directions; half loops forming on [1 1 $1] and [$1 $1 1] directions which are contained in (0 1 1); (b) top view of complete loops forming along
[1 1 $1], [$1 1 1] and [1 $1 1] (loops forming in [1 1 1] not seen). (c, d) pile-ups for loading in [0 1 1] and [1 1 1]. The color scale in (c) and (d) ranges from blue,
sample surface, to red, pile-up summit at 1.5 nm. (For interpretation of the references to color in this figure legend, the reader is referred to the web version
of this article.)

Figure 3.7 Formation of loops and pile-ups for indentation (loading) along (a) [011]
and (b) [111]: (a) top view of complete loops forming along [1-1-1] and [1-11]
directions; half loops forming on [11-1] and [-1-11] directions which are contained in
f ! 0.5. The value of the critical stress is (0.28G) ! 19 GPa
respectively, and produce the same amount of displace(011);
topforview
of complete
loopsThis
forming
along
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acter. Making a cutoﬀ at 2r, we have:

3.4. Analytical model for the transition from twins to perfect
dislocations

3.3 Plasticity Nucleation Model

Eel ¼

!
"
rGb2
1
2r
1þ
ln
1$t
r0
4

ð5Þ

Plastic deformation initiates by the formation of twins.
where r0 is the core radius. The work done by the formaUpon expansion, they generate perfect dislocations. This
tion of the loop is:
was also observed
by Tang
et studies
al. [34] and
et al.initiation using
There are
many
on Alcalá
plasticity
simulation and models [59]. ð6Þ
W ¼ sbpr2
[27], and is also shown in the sequence of Fig. 13. We provide below an energetic argument for this transition. It is
The total change in energy is:
based on the classic equation for the critical size of a shear
!
"
rGb2
1
2r
loop as a function of the applied shear stress. The treatment
1þ
DE ¼ Eel $ W ¼
ð7Þ
ln $ sbpr2
1
$
t
r0
4
is given by Hull and Bacon [43] and was extended to perfect
dislocations and stacking faults by Meyers et al. [44].
Taking the derivative of the total energy and making it
We consider two alternative scenarios: the nucleation of
equal to zero gives the critical radius:
a shear loop of dislocations with b/2h1 1 1i and the nucle@DE
ation of a three-layered twin with three twinning disloca¼0
ð8Þ
tions b/6h1 1 1i. They are shown in Fig. 14a and b,
@r
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We recreate here a simple model to apply to our simulations. Plastic deformation, as
mentioned earlier, does not start at the surface, but below it. At first, this seems
counter-intuitive. However, the MD calculations show that the maximum shear stress is
not at the surface but below it [59]. Fig. 3.8a shows that the emission of planar defects
starts below the surface. The maximum shear stress regions are marked in Fig. 3.8b
and show that the maximum value (~10 GPa) is at z≈0.5a, where a is the radius of the
imprint.
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Fig. 12. (a) InitialFigure
stages of plasticity
below indenter;
stress under
indenter,
just before
of defects;
blueindenter,
indicates maximum shear, just
3.8 (a) Initial
stages(b)ofshear
plasticity
below
indenter;
(b)nucleation
shear stress
under
below the surface at the contact point; (c) Hertzian calculation of normalized maximum shear stress, smax/P, as a function of normalized depth, Ba = z/a.
just before nucleation of defects; blue indicates maximum shear, just below the surface
Maximum for z & 0.66a. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)

at the contact point; (c) Hertzian calculation of normalized maximum shear stress,
τmax/P, as a function of normalized depth, ζa = z/a. Maximum for z ~0.66a.

This can be corroborated by Hertz’s calculations [133], as will be demonstrated below.
The stresses below a rigid sphere pressing against a plate have been calculated by Hertz.
The principal stresses under the indenter are:
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4 1 1+
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/) (1 − υ ) −
σ 1 = − F &,1 − ζ a tan −1 22
#
/
ζ
2(1 + ζ a2 )!
!
a
,
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3
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%
"

σ2 = −

(1)

F
1 + ζ a2

where

ζa =

z
.
a

(2)

This is a normalized distance. The contact area of the sphere on the plate is πa 2 . The
maximum shear stress is:

τ max =

σ1 − σ 2

(3)

2

According to the Hertz analysis for a rigid sphere of radius R (acting against a plate
with Young’s modulus E and Poisson’s ratio t), a is given by:

(

)

&3 1 −υ 2
#
a=$
2 RF !
%8 E
"

1/ 3

(4)

where R is the sphere radius and F the force applied on the plate [134]. Fig. 3.8c shows
the variation of the maximum shear stress divided by the pressure P (equal to the
force F divided by the contact area) for tantalum, as a function of depth z, normalized
to a (z/a = f). It can be seen that it reaches a maximum at a depth f ~0.66, from the
Hertzian equations. The results of MD are similar, giving f ~0.5. The value of the critical
stress is (0.28G) ~19 GPa using G = 69 GPa for the Ravelo potential [126, 128]. This
is nearly twice the MD value. Given the simplicity of the model, this difference is still
reasonable.
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3.4 Analytical Model for the Transition from Twins to Perfect Dislocations
Plastic deformation initiates by the formation of twins. Upon expansion, they
generate perfect dislocations. This was also observed by Tang et al. [114] and Alcalá
et al. [73], and is also shown in the sequence of Fig. 3.9. We provide below an energetic
argument for this transition. It is based on the classic equation for the critical size of a
shear loop as a function of the applied shear stress. The treatment is given by Hull and
Bacon [134] and was extended to perfect dislocations and stacking faults by Meyers et

Fig. 12. (a) Initial stages of plasticity below indenter; (b) shear stress under indenter, just before nucleation of defects; blue indicates maximum shea
below the surface at the contact point; (c) Hertzian calculation of normalized maximum shear stress, smax/P, as a function of normalized depth, Ba
Maximum for z & 0.66a. al.
(For[110].
interpretation of the references to color in this figure legend, the reader is referred to the web version of this articl
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produce the same amount
of displacement.
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Eel =

rGb2 &
1 # 2r
$1 +
! ln
4 % 1 − υ " r0

(5)

where r0 is the core radius. The work done by the formation of the loop is:

W = τbπr 2

(6)

The total change in energy is:

ΔE = Eel − W =

rGb2
4

1 ' 2r
*
2
(1 +
% ln − τbπr
) 1 − υ & r0

(7)

Taking the derivative of the total energy and making it equal to zero gives the critical
radius:
∂ΔE
=0
∂r

rc =

(8)

Gb , 2 − υ )& , 2rc ) #
*
'$ln* ' + 1!
8πτ + 1 − υ (% *+ r0 '( "

(9)

Repeating the procedure for a twin, we have to add a term to account for the two twin
boundaries formed, with energy per unit area equal to γT:

ΔE =

3rGbT + 2 − υ ( 2rT
+ 2πr 2γ T − 3τbT πrT2
)
& ln
4 * 1 − υ ' r0

(10)

This leads to, through the application of Eqn. 8:

3GbT2
, 2 − υ )& , 2rcT
rcT =
*
'$ln*
8π (3τbT − 2γ T ) + 1 − υ (% *+ r0

) #
'' + 1!
( "

(11)

The critical radius is γcT. Fig. 3.10c shows a plot of the critical radii for twin and
shear loop formation as a function of the applied shear stress. As the shear stress
increases, the critical radii decrease. However, the two curves cross each other.
The twin-boundary, 0.16 J m-2, energy is taken from Ravelo et al. [126, 128]. Gu
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et al. [135] reported values using model-generalized pseudopotential theory of 0.165
and 0.217 J m-2. For the calculations, we use: γT = 0.2 J m-2; G = 69 GPa; b =
0.286 nm; and bT = 0.095 nm. For the sake of comparison only, the grain-boundary
energy for a random boundary in tantalum is roughly γGB = 0.8 J m-2, approximately
one third of the free surface energy [133]. It is interesting to observe that there is
a transition from twinning to shear loop formation for γcT= 3.6 nm. This is consistent
with the MD results of Fig. 3.9 because the critical size observed by MD is a 5 nm
radius. The above is a purely energetic argument and does not take kinetics into
account. For instance, delayed kinetics might explain that MD planar defects just
before the transition are somewhat larger than model predictions. Still, this
transition happens within tens of ps in our simulations, and might be even faster at
lower strain rates, where dislocations generally dominate over twinning. Fig. 3.11a
shows the load–penetration curve obtained by MD. The absence of a horizontal
plateau corresponding to the first pop-in, with the emission of the first dislocations
(present in Fig. 3.2) is due to the fact that MD simulations are displacementcontrolled, whereas nanoindentation experiments are load-controlled. Nevertheless, it
is possible to identify the sequence of events observed in MD, starting from the first
emission of planar defects at a load of ~1.3 µN. There is a significant diﬀerence in
the radius of the MD penetrator (25 nm) and the experimental (greater than 150 nm).
The load vs. penetration curves for three crystal orientations are shown in Fig.
3.11b. The radius of the indenter is smaller (10 nm) than in Fig. 3.11a and therefore
direct comparisons cannot be made. The [001] crystal has the highest “pop-in” load.
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Fig. 15. (a) MD load–penetration curve for loading and unloading. Target contains !30 million atoms; radius of indenter: 20 nm; velocity of penetration:
34 m s%1. As the pop-in
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the onset
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strain rate [46]. Despite these diﬀerences, similar to the ones
number of geometrically necessary dislocations is h/b,
each emission of prismatic loops, shear loops develop and evolve, again interacting
obtained by Alcalá et al. [27], we find that the ratio of penwhere b is the Burgers vector in the two-dimensional geomand producing a new set of prismatic loops. etry
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3.5. Calculation of
dislocation
densities
length of the dislocation loops injected, then in a diﬀerential ring of radii r and r + dr, one obtains:
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For a conical indenter:
The hemispherical volume, as defined by Nix and Gao
[7],
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in Figs. 3.2 and 3.11b are diﬀerent by a factor of 100: the plastic plateau occurs at
loads between 60 and 200 µN in Fig. 3.2 and the onset of plasticity takes place between
0.6 and 2 µN in Fig. 3.11b. The computed hardness from MD is consequently much
higher than the experimental one: 13.3 GPa vs. 3.5 GPa. This can be attributed to
several causes, including the existence of dislocations in the experimental materials,
diﬀerences in strain rate, scale eﬀects and the diﬀerence in the radius of indenter (10
nm in the MD calculations and ~100 nm in the experimental measurements). For
instance, Comley et al. [136] experimentally showed a large increase in Ta strength
with strain rate [136]. Despite these diﬀerences, similar to the ones obtained by Alcalá
et al. [73], we find that the ratio of penetration depth to indenter radius at which the
first pop-in occurs is ~0.2 for both simulations and experiments.
3.5 Calculation of Dislocation Densities
Ashby’s concept of geometrically necessary dislocations [ 1 3 7 ] was applied by
Nix and Gao [55] to derive an indentation size effect model in which the plastic
deformation of the surface was correlated to the emission of dislocations from the
surface. It assumes that they are contained in a hemispherical of radius R1, and volume
V, below the indented region. This is shown in Fig. 3.12.
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Fig. 16. Schematic showing geometrically necessary dislocations forming under nanoindentation: (a) treatment as in Nix and Gao [7] for a conical
indenter; (b) terraces due to dislocation slip; (c) treatment as in Swadener et al. [48] for a spherical indenter, using expanded volume.

Figure 3.12 Schematic showing geometrically necessary dislocations forming under
nanoindentation: (a) treatment as in Nix and Gao [55] for a conical indenter; (b) terraces
k
3h
3
those dislocations to obtain dislocation densities. Using the
qGNDdue
¼ to
¼ dislocation
¼
tan2slip;
h
(c) treatment as ð16Þ
in Swadener
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ical volume is 31 nm, for the sample after unloading (residThis model was later extended by Swadener et al. [48].
Later, Durst et al. [49] found that the hemispherical plastic
volume is in fact larger than this prediction. They defined a
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ual depth 6 nm). This radius of the hemispherical volume
guarantees that all the dislocations are contained within
the chosen volume, and this is less than half the box depth.
The resulting dislocation density is q = 7 $ 1015 m%2. This
value might decrease due to thermally activated dislocation
reactions, at times much longer than what can be covered
by MD simulations. Thus, considering the uncertainties
(12)
of measurement and calculations results for experiment,
model and simulations are in good agreement.
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dλ = 2πr

dr
h
= 2πr dr
s
ba

(13)

Yielding a total loop length of

λ = 2π

h a
ha
rdr = r
∫
ba 0
b

(14)

The hemispherical volume, as defined by Nix and Gao [56], is a function of the contact
radius
2
V = πa3
3

(15)

The density of geometrically necessary dislocations is:

ρGND =

λ
V

=

3h
3
=
tan 2 θ
2
2ba
2bh

(16)

This model was later extended by Swadener et al. [138]. Later, Durst et al. [139] found
that the hemispherical plastic volume is in fact larger than this prediction. They defined
a factor, f, ranging from 1 to 3.5, that increases the volume and hence reduces the
density of geometrically necessary dislocations:
V =

2
π ( fa )3
3

ρGND =

λ
V

=

3h
3
=
tan 2 θ
2 3
2ba f
2bhf 3

(17)

(18)

For an experimental indentation depth of 100 nm and an initial f = 1, Eq. (18) yields
a density of geometrically necessary dislocations equal to:
ρGND = 1.9 x 1016 m-2
Choosing f = 1.9 after Durst et al. [139], the achieved density of geometrically necessary
dislocations is:
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ρGND = 2.6 x 1015 m-2

This value is very close to the dislocation density measured from TEM: (1.2 ± 0.5)
x 1015 m-2. It must be pointed out that the factor f can vary in the range of 1–
3.5, corresponding to ρGND in the range of 1.9 x 1016 m-2 to 3.9 x 1014 m-2. To compare
with experiments and the analytical models, the dislocation lengths in our
simulations were computed by means of the DXA [131]. Using the DXA [131],
one can then choose a given volume containing those dislocations to obtain dislocation
densities. Using the same f factor, f = 1.9, the radius of the chosen hemispherical
volume is 31 nm, for the sample after unloading (residual depth 6 nm). This radius of
the hemispherical volume guarantees that all the dislocations are contained within
the chosen volume, and this is less than half the box depth. The resulting dislocation
density is ρ = 7 x 1015 m-2. This value might decrease due to thermally activated
dislocation reactions, at times much longer than what can be covered by MD
simulations. Thus, considering the uncertainties of measurement and calculations results
for experiment, model and simulations are in good agreement.
Chapter 3, in full, is a reprint of material as it appears in Acta Materialia, 2014,
C.J. Ruestes, E.M. Bringa, B.A. Remington, C.H. Lu, B. Kad, M.A. Meyers, Elsevier,
2014. The dissertation author was the primary investigator and author of this paper.
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Chapter 4 Results: Dislocation Dynamics in Tantalum
It is of great scientific curiosity whether the dislocation velocity can travel
supersonically. To this date this question has not been answered. Using a model bcc
metal such as tantalum, with a high melting temperature and no phase transition at the
pressures under investigation, we took on the task of answering this question. To design
an experiment such as this took careful thought and consideration. Given the available
tools to an academic institution, budgets and deadlines, an experimental design was
implemented. A known amount of dislocations at a known location would be entered
into a finely polished 3 mm thick piece of tantalum, 3 mm in diameter. After plastically
deforming the sample, the new location of dislocations would be tracked and thus a
dislocation velocity would be calculated experimentally. A known amount of
dislocations would be entered into the sample just below the surface by means of
nanoindentation. The nanoindentations would be packed closely together to make a
plastic front, which would travel through the sample during laser shock. The thickness
was chosen to be arbitrarily large to give enough real estate for the dislocations to travel
in the sample and allow for ease of transportation/analysis. The 3 mm diameter is a set
value for TEM analysis. After laser shock the sample would be FIBed into TEM foils
and analyzed using TEM to track where into the sample the dislocation front moved.
Using the laser pulse duration and new dislocation position, a velocity can be calculated.
Microindentation was first tested as a potential tool of inputting a known amount
of dislocations into a known location just under the surface of the single crystal tantalum
samples. However, after microindenting and FIBing out a section for TEM analysis it
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was discovered that the dislocations had moved significantly into the sample making it
very difficult to locate, before and after laser shock. Thus nanoindentation was chosen
as the technique best suited for the available analysis tools such as the focused ion beam
milling for sectioning and polishing TEM samples at hand.
4.1 Nanoindentation Analysis in Tantalum
Tantalum single crystals were mechanically and electromechanically polished
by Surface Preparation Laboratory (a company in the Netherlands) to attain a surface
roughness less than ~1 nm. Load controlled nanoindentation experiments were
performed using a Ubi 1 nanomechanical test instrument (Hysitron, Inc., Minneapolis,
MN) equipped with a diamond Berkovich tip having a ~100 nm nominal radius of
curvature. For each Ta sample, two grids of 10 x 10 indentations were made, one
using a loading rate of 30 µN s-1 with a maxi- mum load of 150 µN, and the other
with a loading rate of 200 µN s-1 and a maximum load of 1000 µN. Values of
hardness and reduced modulus were calculated from load–displacement curves using
the Oliver–Pharr method. Prior to performing each indentation, drift was digitally
monitored for 40 s and found to be less than 0.1 nm s-1. All tests were performed
at 20 °C in an environmental chamber on an active vibration isolation table.
The nanoindented surfaces were observed by scanning electron microscopy
(SEM) to identify the location of the nanoindented matrices. A FEI XL30 ultrahighresolution (UHR) SEM was used at the Nano3 facility in the University of California,
San Diego, with a resolution of ~1 nm possible at 10 kV or higher and 1.7 nm at 1
kV. The nanoindentation matrices are clearly visible in Figure 4.1. Each sample had at
least two matrices of nanoindentations, each with a different indentation depth and
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spacing.
a)

b)

10 µm

10 µm

Figure 4.1 Single crystal [100] tantalum after nanoindentation: a) Example of an 8x10
nanoindentation matrix; and b) and example of a 10x10 nanoindentation matrix.
*Matrices are outline in blue. Magnification is too low to see actual indents. Can only
see perimeter outlines from sweeping of the indenter tip of matric position.

a)

b)

1mm

10 µm

Figure 4.2 a) Surface of a single crystal [100] tantalum after nanoindentation; and b)
high magnification SEM image of a nanoindentation matrix.
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a)

b)

500 µm

10 µm

Figure 4.3 a) Surface of a single crystal [110] tantalum after nanoindentation; and b)
high magnification SEM image of a nanoindentation matrix.

a)

b)

500 µm

10 µm

Figure 4.4 a) Surface of a single crystal [111] tantalum after nanoindentation; and b)
high magnification SEM image of a nanoindentation matrix.

Figures 4.2-4.4 show SEM images of the surfaces of the nanoindented single
crystals [100], [110], and [111]. Finding the nanoindentations are difficult without
having a unique feature to navigate from on the surface. Since the crystals were highly
polished to a surface roughness ~1 nm, finding a feature to pinpoint proved tough. In
some instances, landmarks were added near nanoindentation matrices to aid with
finding them quickly and efficiently.
Subsequently, AFM was used to image the surface profiles of the pile-ups

!

138

and indentation depths. A Veeco scanning probe microscope with a 125 x 125 µm nonmagnetic scanner and 5 µm vertical range was used, operating in the tapping mode and
scanning the samples topographically.
4.1.1 Atomic Force Microscopy of Nanoindentations
The AFM tips used were aluminum coated NCHR silicon with a thickness of
4 µm, length 125 µm, width 30 µm, resonance frequency of 320 kHz and force constant
of 42 N m-1. The specimens for transmission electron microscopy (TEM) were prepared
by focused ion beam (FIB) milling. FIBing was conducted at two facilities: University
of California, Los Angeles and Oak Ridge National Laboratory (ORNL). The
Nanoelectronics Research Facility (NRF) at UCLA uses a Nova 600 SEM/FIB
system to produce TEM foils. The FIB has a 10 nm resolution and five-axis stage
with 150 mm travel. The Shared Research Equipment User Facility (ShaRE) at ORNL
uses a FEI Nova 200 dual-beam SEM/FIB system, with 7 nm resolution capability.
Samples were coated with platinum before milling. TEM foils were cut using FIB
milling perpendicular to the surface of the specimen, each foil containing two to three
cross-sections of nanoindentations. Foils were cut to a thickness of ~50 nm.
Observation was carried out at the ORNL ShaRE facility using a Philips CM200FEG TEM-STEM in the two-beam condition.
During the nanoindentation process, the applied load and corresponding
indentation depths were recorded for each individual indent. From these data an
average load vs. indentation depth profile was obtained for all three orientations [100],
[110] and [111] of Ta. Fig. 4.5 shows the elastic Hertzian curve and the loads at which
the different orientations transition into plastic deformation. The first emission of
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dislocations (“pop-in”) marks the beginning of significant deviation from the elastic
Hertzian curve. Tantalum orientations [100] and [110] transition from the elastic to
plastic regime at a lower load of ~150 µN than orientation [111], which transitions
from elastic to plastic deformation at a load of ~200 µN. These load–displacement
(F–h) curves are similar to the ones in the work done by Biener et al. [140] and by
Alcalá et al. [73] for the same orientations.
After completing nanoindentation, AFM images were taken, showing plastic
deformation pile-ups around the edges of the indentations. The AFM image for Ta
[100] done by Biener et al. [140] using a Berkovich tip correlates well to our AFM
results, Fig. 4.6a. Fig 4.6c and e shows the pile-ups for [110] an [111]. Due to the
Berkovich tip geometry the pile-ups form around the perimeter of the nanoindentation.
Biener et al. [140] used a spherical indenter tip for nanoindented Ta [100], and observed
four pile-ups forming along the diagonal < 11 0> orientations. The pile-ups observed
with the Berkovich indenter are primarily dictated by the pyramid faces and not by
the anisotropy of plastic deformation of the crystal. The vertices of the triangular
indentation are fairly flat, while the sides rise to account for volume conservation.

bration isolation table.

ods
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ulations as in Hagelaar et al. [25] might lead to somewhat
diﬀerent results. Of course, simulated speeds are orders of
magnitude larger than experimental values, and there
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e done using a large-scale atomic/
rallel simulator (LAMMPS) [19].
out using a rigid spherical indenter
Berkovich tip is typically used in
, it should be noted that such an
tip of up to 150 nm; therefore, it
e spherical tip used in our studies
ty mechanisms produced by a Berficant eﬀects produced by the pyrad box size, and tip diameter and
hin the limits allowed by our comensure our results were not aﬀected
indentation rate. A detailed paraublished separately, since here we
cale load and unload simulations
loop formation and pile-ups.
diameter of 25 nm for the [0 0 1]
0 1 1] and [1 1 1] surfaces. Changing
range of 10–25 nm did not change
of our description below. The MD
dimensions of 90 " 90 " 66 nm3
th an indenter of 25 nm diameter
[0 0 1] surfaces; 50 " 50 " 40 nm3
indentation of the [0 1 1] surfaces;
Fig.vs.
1. penetration
Load vs. penetration
for three
orientations
monocrystals [1 [100],
0 0],
Figure 4.5 Load
for three
orientations
ofofmonocrystals
[110] and
!6 million atoms) for indentation
[1 1 0] and [1 1 1]. Hardness is equal to 3.5, 3.5 and 5 GPa for the three
[111].
is equal to 3.5, 3.5 and 5 GPa for the three orientations, respectively.
hese sizes are larger than
usualHardness
in
orientations, respectively. The plastic plateau occurs at loads between 60
The
plastic
plateau
occurs
and 200
lN. at loads between 60 and 200 µN.
n simulations, and ensure that the

Depth profiles of the indentations were obtained and typical depth profiles of
a nanoindentation showing pile-ups at the surface perimeter of the indents are shown in
Fig. 4.6b, d and f. The pile-up heights are largest in the middle of the face and smallest
at the vertices. The average pile-up height around the nanoindentations for all three
single crystal orientations [100], [110] and [111] is within the range of hp = 5–8 nm
for a load of ~1000 µN.
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Figure 4.6 Nanoindentation of (100), (110) and (111) Ta single crystals using a
Berkovich tip at a load of ~1000 µN. AFM shows plastic deformation pile-ups around
the edges of the nanoindentations, the lighter colors around the perimeter corresponding
to pile-ups: (a, b) AFM image and depth profile of (100) Ta showing pile-ups around
itseﬀects
perimeter
with
anstrain
average
pile-up
heightwith
hp plasticity,
~6 nm; like
(c, shear
d) AFM
imagecurves
and depth
might be
due to the
high
rate of
every MD
stress–strain
and gamma
simulation,
for instance
in dislocation–twinning
energy
[36]. This
potential
has been recently
profile
of (110)
Ta showing pile-competiups around
itscurves
perimeter
with
an average
pile-upshown
tion [34].
to describe extremely well the microstructure induced by
height hpto~5develop
nm; (e,
f) AFM
image
profile loading
of Ta of(111)
Ta showing pilehigh pressure
Ta [32].
It is challenging
empirical
potentials
for and
bcc depth
metals which
would
work
at
the
large
strains
and
stresses
Defective
structures
were
filtered
by means of common
ups around its perimeter with an average pile-up height hp ~8 nm.

Fig. 2. Nanoindentation of (1 0 0), (1 1 0) and (1 1 1) Ta single crystals using a Berkovich tip at a load of !1000 lN. AFM shows plastic deformation pileups around the edges of the nanoindentations, the lighter colors around the perimeter corresponding to pile-ups: (a, b) AFM image and depth profile of
(1 0 0) Ta showing pile-ups around its perimeter with an average pile-up height hp ! 6 nm; (c, d) AFM image and depth profile of (1 1 0) Ta showing pileups around its perimeter with an average pile-up height hp ! 5 nm; (e, f) AFM image and depth profile of Ta (1 1 1) Ta showing pile-ups around its
perimeter with an average pile-up height hp ! 8 nm. (For interpretation of the references to color in this figure legend, the reader is referred to the web
version of this article.)

reached in indentation simulations [35]. Here we used a
neighbor analysis [37] and visualized by means of OVITO
recently presented embedded atom method potential by
[38]. Dislocation line lengths were computed using the disRavelo et al. [36], which has been specifically designed to
location extraction algorithm (DXA) [39], and dislocation
work at high stress and describes well the elastic properties
density can then be defined for a given volume containing
4.1.2
Microscopy
Nanoindents
of Ta up
to high Transmission
pressures, alongsideElectron
properties associated
thoseof
dislocations.

FIB was used to cut and polish samples for TEM characterization from the
center portion of an indentation and immediately analyzed under TEM double tilt
condition. TEM images were taken at indentation sites as well as far away from the
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nanoindentations. Dislocations densities under and around the nanoindentations were
calculated from TEM images using the linear intercept method.

Nanoindent

Figure 4.7 TEM image of dislocations generated under the nanoindent in single
crystalline Ta [100].
Figure 4.7 shows a TEM image of the cross section of a nanoindentation in a
[100] single crystal Ta sample. The thick dark band directly under the indent is due to
the bending of the foil during and after FIBing. The g vector is set during TEM operation
to highlight the dislocations (setup correctly on the right side of the foil). Figs. 4.8-4.9
show a cross-sectional area of a nanoindentation for [100] and [111] Ta, respectively.
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4.2 Microindentation Analysis in Tantalum

500 µm

200 µm

Figure 4.10 SEM image of a single crystal Ta [100] microindented directly in the
middle in preparation for laser ablation.

Initially, microindentation was performed on several of the single crystalline Ta
samples due to the following two factors: 1) ease of identification after indentation for
FIBing and AFM; and 2) convenience of usage. Each individual microindent was on the
order of ~20x20 µm2 and a single array of 10x10 or 11x11 was executed at the center
of each 3mm diameter sample. Cross sections of the microindentations were then FIBed
to analyze under TEM observation the dislocation density. Figure 4.11a shows a FIBed
TEM foil of a partial cross section. The maximum length and width of a TEM foil is
~4x4 µm2 at best. The larger the FIBed TEM foil, the larger the risk of losing the foil
during final polishing to thin the material. The issue that prompted the switch from
micro to nano indentation was the limited available real estate on a FIBed microindent
cross section. The foils were not large enough to show the dislocation front, which is
estimated to be at f=1.9, as discussed in Section 3.5, and depicted in Fig. 4.11a.
However, FIBed TEM foils of nanoindentations provide enough characterization real
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estate, Fig. 4.11b, to find the elusive dislocation density fronts at f=1.9 or even f=3.5.
a)

b)

Figure 4.11 a) A FIBed TEM foil of the cross section of a microindent, shown in Fig.
4.10. The dimensions of a FIB foil max out at ~4x4 µm2. Each microindentation is
~20x20 µm2, thus the technique of FIBing out an entire cross section of a microindent
is null; and b) FIBed TEM foil of a cross section of two nanoindentations illustrating
the fact that microstructure analysis of a nanoindent using the technique of FIBing is
well suited.
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4.3 Experimental Design of Dislocation Velocity Studies in Tantalum
After nanoindenting the three orientations of the single crystals, [100], [110] and
[111], the tantalum samples were assembled for laser compression. The goal of the
experiment was to laser shock all samples without causing damage to the
nanoindentations to recover and analyze how far the dislocations moved. Knowing
where the dislocations moved would allow for experimental calculation of how fast the
dislocations were moving. Three different designs were tested for the dislocation
velocity experiments in tantalum, shown in Figures 4.12 and 4.13a,b. The purpose of
having three designs was to increase the success rate of the experiment. Since no
experiment has been done like this before the mentality behind the designs was to try
three different options and then identify which assembly worked better.

Polystyrene (CH)
250 μm thick

!

!

Tantalum
Nanoindented
3 mm diameter
3 mm thick
Single crystal

Figure 4.12 Initial target assembly design for the dislocation velocity experiments in
tantalum: 250 µm thick polystyrene shield on top of the nanoindented tantalum surface.
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Type 1a (Ta
flyer)
Polystyrene (CH)

a)

Type 2a
b) (Pre-heat shield + plastic buffer)
Polystyrene (CH)
20 µm thick

20 µm thick

Ta (pre-heat shield)
10 µm thick

Tantalum

Polystyrene (CH)

500 µm thick

180 µm thick

Tantalum
Nanoindented

Tantalum
Nanoindented

3 mm diameter
3 mm thick
Single crystal

3 mm diameter
3 mm thick
Single crystal

Figure 4.13 Two different designs for the dislocation velocity study in tantalum: a)
Type 1a had a Ta shield; and b) Type 1b had a plastic shield.
a)

Type 1b
(Drive Target)
Polystyrene (CH)
20 µm thick

Tantalum
500 µm thick

b)

Type 2a
(Drive
Polystyrene (CH)
20 µm thick

Ta (pre-heat shield)
10 µm thick

Polystyrene (CH)
180 µm thick

Tantalum
10 µm thick

Tantalum
10 µm thick

LiF
500 µm

LiF
500 µm

Figure 4.14 The drive targets for the two different types of assemblies shown in Fig.
4.13.
Figure 4.13a,b show the drive targets of the designs shown in Figure 4.13a,b.
These drive targets are used for visar to get data on the pressure within the sample.
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Target assembly designs shown in Fig. 4.13a,b both proved to be successful in

the recovery of the nanoindentation after laser shock. The nanoindented tantalum
samples that were assembled using the design shown in Fig. 4.12 were completely
ruined. The 250 µm polystyrene was not enough of a heat shield for the surface of the
sample and caused melting, completely destroying the nanoindentations, Figure 4.15.
To further illustrate how the nanoindentations could not be recovered in post analysis,
a comparison of surface roughness at the same magnification for the melted surface and
size of nanoindentations is shown in Figure 4.16.

a)

b)

Polystyrene
500 µm

20 µm

Figure 4.15 Laser shocked single crystalline Ta [100]: a) the melted surface of the
nanoindented Ta sample; and b) higher magnification SEM image of the surface where
surface roughness larger than 1nm is observed due to melting. Thus nanoindentations
are completely covered and unresolvable.
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a)

20 µm

b)

20 µm

Figure 4.16 a) Melted surface of nanoindented Ta after laser shock; and b) SEM image
of nanoindented Ta before laser shock. The nanoindentations become unrecognizable
in a) due to the high surface roughness caused by the melting.

The advantage that microindentation provided, as mentioned earlier in Section
4.2, was the benefit of easily identifying indentations, especially after laser shock.
Figure 4.17 shows SEM images of the entire sample after laser shock and without
having to use any magnification the microindentations are easily pinpointed. Samples
that were assembled using the design illustrated in Figure 4.12 suffered melting after
laser shock. Although the surfaces melted, the microindentations survived, Fig. 4.18.
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a)

500 µm

b)

200 µm
c)

10 µm
Figure 4.17 Microindented single crystalline [100] Ta laser shocked and recovered: a)
low magnification of the entire sample surface; b) higher magnification showing entire
recovered microindentation array after laser shock; and c) an individual microindent
fully intact.
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a)

Melted surface
from laser ablation

500 µm

b)

100 µm
c)

5 µm
Figure 4.18 Recovered microindented single crystalline [100] Ta after laser shock: a)
The sample surface melted during laser ablation; b) however, microindentations were
still identifiable; and c) individual indents could be sectioned using FIB.
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4.4 Nanoindentations in Tantalum After Laser Shock
Samples were successfully recovered after laser shock, proving that both designs
worked in protecting the nanoindented tantalum samples. Figure 4.19-4.21 show single
crystalline tantalum (100), (110) and (111) after laser shock.
a)

b)

10 µm

500 µm

Figure 4.19 Single crystal (100) tantalum laser shocked: a) the surface was cleaned by
immersing sample in boiling acetone; b) nanoindentations can still be identified on the
surface.
The nanoindentations can still be identified under SEM after cleaning the
samples in boiling acetone for several hours.
a)

b)

500 µm

5 µm

Figure 4.20 Single crystal (110) tantalum laser shocked: a) the surface was cleaned by
immersing sample in boiling acetone; b) nanoindentations can still be identified on the
surface.
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a)

b)

500 µm

10 µm

Figure 4.21 Single crystal (111) tantalum laser shocked: a) the surface was cleaned by
immersing sample in boiling acetone; b) nanoindentations can still be identified on the
surface.

Laser shocked single crystalline [100], [110] and [111] Ta samples shown in
Figures 4.19-4.21 were sectioned using FIB and the cross sections were analyzed under
transmission electron microscopy. Figures 4.22 and 4.23 show dislocations permeated
throughout the foil. A clear dislocation front dividing the foil into an area of higher
dislocation density could not be identified. Figure 4.24a shows the length of the FIBed
TEM foil, within which a dislocation density gradient difference was expected.
However, as Fig. 4.24b clearly shows, regions far from the nanoindentation where
equally as dense with dislocations as where areas directly under the indent.
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Nanoindent

20 µm
Figure 4.22 Laser shocked single crystalline Ta [111], shown in Fig. 4.21, was
sectioned using FIB and TEM analyzed. The foil was riddled with dislocations, under,
around, and far away from the indentation.
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20 µm

Figure 4.23 Laser shocked single crystalline Ta [110], shown in Fig. 4.20, was
sectioned using FIB and TEM analyzed. The foil was riddled with dislocations, under,
around, and far away from the indentation.
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a)

3 µm
b)

20 µm
Figure 4.24 FIBed foil of laser shocked Ta [110] showing two nanoindentations. The
foil was riddled with dislocations far away from the indentation.
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4.5 Molecular Dynamics Predictions
A recent paper by Ruestes et al. has detailed predictions of dislocation velocities,
showing that they can be transonic beyond a critical pressure. In this paper shock-driven
dislocations were studied in tantalum to establish the stress dependence of their
velocities as well as mechanisms of propagation. Two types of sources were found to
be active: prismatic loops generated through prior nanoindentation experiments and
shear loop nucleation at the surface during the shock loading. The prismatic loops
exhibited a peculiar behavior under shock compression, one side moving in the direction
of shock-wave propagation, the other in the opposite direction. This is a direct
consequence of the interaction of the Burgers vectors with the shear stresses generated
by the uniaxial strain compression. Sources activated at, or close to, the surface
generated shear loops that moved in the shock propagation direction. The impact
velocity of the piston is varied between 250 and 1,750 ms-1 and the stress dependence
of dislocation velocity was established in this regime. There is a threshold pressure of
17 GPa beyond which the dislocation velocities exceeded the <111> transverse elastic
wave speed. The highest velocity measured occurred for a pressure of 50 GPa [141].
Chapter 4, in part, is a reprint of material as it appears in Acta Materialia, 2014,
C.J. Ruestes, E.M. Bringa, B.A. Remington, C.H. Lu, B. Kad, M.A. Meyers, Elsevier,
2014. The dissertation author was the primary investigator and author of this paper.

!

Chapter 5 Conclusions
(a) Tensile failure: Single, poly and nano crystalline tantalum all spall due to
ductile failure. Voids nucleate, grow and coalesce around the grain boundaries in poly
and nano crystalline Ta, and single crystal Ta showed signs of shear and extensive
dimpling. Comparing amongst the thickest tantalum samples, 250 µm, spall strength
was found to be highest in single crystal tantalum and lowest in nanocrystalline tantalum
as expected. This is due to the microvoids that grow and nucleate along the grain
boundaries. Since single crystals have no grain boundaries the nano and poly crystals
were subjected to lower spall strengths. Spall strengths for 250 µm thick tantalum
samples agree favorably with gas-gun results since the strain rates were on the order of
106 s-1. Thinner tantalum samples at 50 µm thick resulted in higher spall strengths than
their thicker counterparts and higher strain rates, 107 s-1. Thus a clear dependence of
spall strength on strain rate was discovered.
(b) Defects generated under a nanoindenter: Large-scale MD simulations show
plastic deformation starting with twins, which transform into shear loops, which in
turn transform into prismatic loops. The transition from planar faults to dislocations is
explained by an analytic energetic model, which agrees well with MD. A new
mechanism for the transformation of an expanding shear loop into a prismatic loop is
identified by MD. The screw components of the shear loop cross-slip and pinch out a
prismatic loop in a “lasso” action. The geometrically necessary dislocation densities
calculated from the three methods are in reasonable agreement. Analytical
calculations predict a density in the range 2.6 x1015–1.9 x 1016 m-2; for MD the
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predicted value is ρ = 7 x 1015 m-2. Calculations from experimental TEM images
show a dislocation density of 1.2 x 1015 m-2. The higher simulation value might
be due to lack of thermally activated recovery in MD. Simulated pile-ups for [001],
[011] and [111] follow crystallographic orientations and form on the diagonal <110>
orientations. The average experimental pile-up height for Ta [100] is hp = 4–7 nm
for a penetration depth of 30–35 nm. The height of MD pile-ups is hp = 2.5–4.5 nm
for a penetration of 8 nm.
(c) Dislocation velocities: Nanoindentation matrices were successfully
implemented onto the surfaces of single crystalline tantalum. Experimental loading
curves for [001], [011] and [111] indentation directions show distinct pop-ins where
the material is deformed plastically. Atomic microscopy scans image the dislocation
pile-ups, which occur at these pop-ins on the loading curves for all three orientations.
!

Appendix A Hyades Simulations

50-µm thick Ta for 3-ns square pulse with energy 50 J

50-µm thick Ta for 3-ns square pulse with energy 75 J
!
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50-µm thick Ta for 3-ns square pulse with energy 100 J

50-µm thick Ta for 3-ns square pulse with energy 125 J

!
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50-µm thick Ta for 3-ns square pulse with energy 150 J

50-µm thick Ta for 3-ns square pulse with energy 175 J

!

!
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50-µm thick Ta for 3-ns square pulse with energy 200 J

50-µm thick Ta for 1-ns square pulse with energy 100 J

!
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50-µm thick Ta for 1.5-ns square pulse with energy 100 J

50-µm thick Ta for 2-ns square pulse with energy 100 J

!
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50-µm thick Ta for 2.5-ns square pulse with energy 100 J

50-µm thick Ta for 2.8-ns square pulse with energy 100 J

!
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50-µm thick Ta for 3-ns square pulse with energy 100 J

50-µm thick Ta for 3.2-ns square pulse with energy 100 J

!
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50-µm thick Ta for 3.5-ns square pulse with energy 100 J

50-µm thick Ta for 4-ns square pulse with energy 100 J

!
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75-µm thick Ta for 3-ns square pulse with energy 50 J

75-µm thick Ta for 3-ns square pulse with energy 100 J

!
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75-µm thick Ta for 3-ns square pulse with energy 200 J

100-µm thick Ta for 3-ns square pulse with energy 50 J

!
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100-µm thick Ta for 3-ns square pulse with energy 100 J

100-µm thick Ta for 3-ns square pulse with energy 200 J

!

!

172

125-µm thick Ta for 3-ns square pulse with energy 50 J

125-µm thick Ta for 3-ns square pulse with energy 100 J

!
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125-µm thick Ta for 3-ns square pulse with energy 200 J

150-µm thick Ta for 3-ns square pulse with energy 50 J

!
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150-µm thick Ta for 3-ns square pulse with energy 100 J

150-µm thick Ta for 3-ns square pulse with energy 200 J

!
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175-µm thick Ta for 3-ns square pulse with energy 50 J

175-µm thick Ta for 3-ns square pulse with energy 100 J

!
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175-µm thick Ta for 3-ns square pulse with energy 200 J

200-µm thick Ta for 3-ns square pulse with energy 50 J

!
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200-µm thick Ta for 3-ns square pulse with energy 100 J

200-µm thick Ta for 3-ns square pulse with energy 200 J

!
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225-µm thick Ta for 3-ns square pulse with energy 50 J

225-µm thick Ta for 3-ns square pulse with energy 100 J

!
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225-µm thick Ta for 3-ns square pulse with energy 200 J

250-µm thick Ta for 3-ns square pulse with energy 50 J

!
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250-µm thick Ta for 3-ns square pulse with energy 100 J

250-µm thick Ta for 3-ns square pulse with energy 200 J

!

Appendix B Visar Data Analysis
1.! In xvis folder, open xvis.sav using IDL (if you don’t have this program on your
computer, you can download IDL virtual machine for free – it compiles and runs
IDL code, but doesn’t let you edit it, which is fine for what we’re doing).
2.! You should see this (below):

3.! In the top left corner, click “File -> Open” and select the file you wish to analyze.
4.! Set median filter to 5 (one of the white boxes at the top of the screen).
5.! Rotate the image so that the time axis runs left to right and the fringes are stacked
on top of on another (see below).
6.! Using the cursor, draw a square from the top left corner to bottom right corner
on the area of fringes you wish perform the phase unwrap (the best looking
fringes, and as many as you can). The top and bottom of the square should be
in the dark area between fringes, so that you can easily count how many of the
white fringes there are. Since the fringes move later in time, use the left most
(early in time) side to choose this area and count the fringes (below).
!
!
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1.! Using the example above, I count 9 fringes. Therefore, I will set f_min and
f_max to 8 and 10. These are two of the white boxes at the top of the screen.
The general rule is to set f_min = N-1 and f_max N+1 for best accuracy during
fringe unwrap, where N is number of fringes.
2.! Look at the table near the bottom of the screen. You can see Plot ROI and Phase
ROI (region of interest). Plot ROI will create a plot to the right of your image
of whatever region you have contained within the x- and y- bounds. Phase ROI
will perform a phase unwrap within the region specified. It is best to keep the
Plot ROI equal to or within the bounds of the Phase ROI before you plot
anything – otherwise the program crashes. For now, manually type in the values
from Plot ROI to Phase ROI so that they are the same.
3.! Optional: To check that the contrast of your fringes is good enough for the phase
unwrap, click on the drop down menu for “Select Plot Type” and choose column
plot. Then click the button “Plot Now”. You should see a column plot
representing each of the fringes; the number of bumps should match the number
of fringes (see below).

!
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4.! If you are happy with the way things look, click the button “Calculate Phase”.
You won’t see anything happen.
5.! Go to the top menu and choose “Window -> Phase”. You should see the image
change (below). You can easily see if there are any fringe jumps or uneven

fringes.

!
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6.! Make sure this image looks good, i.e. the fringes in phase space are showing up
where they were on the previous image. If not, check your f_min and f_max, or
choose a different region for the program to analyze.
7.! Now choose “Window ->Fringe Unwrap”. You should see the box change to
some mix of black, white and grey fuzz.

8.! Using your cursor, choose a Plot ROI within the box. Again, make sure not to
exceed the limits of the Phase ROI or the program will get angry. Choose the
region based on the smoothest filtering, i.e. the region with the least amount of
spikes or boxes (in some images, especially noisy ones, you can get large squares
of inconsistent phase unwrap).

!
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9.! Click on the drop down menu for “Select Plot Type” and choose velocity. Then
click the button “Plot Now”. You should see your VISAR line-out on the graph!

10.!Using the boxes on the bottom right of the screen, you can change VPF and at
fringe jumps (break-outs), but I prefer to take this data as it is and use my own
programs (Excel works fine, I use Mathematica) to process the data and
accurately multiply everything by VPF and place break-outs.
11.!To export this data, go to “File -> Save plot as text”. Save it as a .dat or .txt file.
12.!The output gives you each pixel represented as a picosecond, so you will have
to convert the timing to the time frame in the window that you set. For example,
I had a 50 ns window, and there are 1200 “picoseconds” (or pixels) represented
here, so I could potentially convert to ns using 50/1200. However the streak
cameras aren’t always calibrated one-to-one and there can be some variation in
the time axis, so you may need to look back at some of our calibration shots to
make a calibration curve for pixel-to-time (I did this on a recent experiments, I
can send you the excel sheet for an example, I haven’t done it for our December
shots but I plan to get to it in the next couple weeks, I could send it to you then).
The velocity is output as 1km/s per fringe, unless you have otherwise changed
it, so multiplying this by the actual VPF will give you your correct velocity
output.
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Appendix C Photos

Janus, July 2014, Aligning the sample and optics within the laser chamber.
!
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NIF tour, July 2014, UCSD, CalTech and LLNL group.
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Omega, February 2013, LLNL and UCSD group.
!
!
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